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Abstract  
For Hydroxyapatite (HA) bone graft substitutes, the choice of fabrication technique is an 
important aspect of design. Using HA ceases concerns with regards to biocompatibility, 
however other facets of design need to be addressed, particularly achieving high porosity 
and high mechanical properties. These two facets are mutually exclusive, however, if 
porosity can be achieved in a controlled manner, then it is possible for them to coincide. 
Honeycomb extrusion is a technique capable of achieving the aforementioned feat, with 
the added advantage of a high degree of pore interconnectivity. Extrusion is also relatively 
simple, inexpensive, and can achieve large-sized scaffolds. Thus, it was hypothesised that 
the aforementioned advantages can be translated to bone tissue engineering.  
Dynamic mechanical analysis revealed that ceramic pastes formulated using guar 
gum and Methocel™ (MC) binders, required a shear modulus of 10-1 and 101 MPa, 
respectively, for extrusion. A higher solids loading was achieved with MC, by 7.6 vol%, 
and accordingly was used for further studies. The extrusion setup favoured calcined 
powders for maximising scaffold compressive strength. Initially, a calcined -tricalcium 
(-TCP) and uncalcined HA scaffolds has compressive strengths of 23.6  5.7 and 29.8 
 8.6 MPa, respectively. When HA was calcined, the strength soared to 105.9  12.2. 
Calcined powders were less susceptible to both agglomeration and enhanced 
densification, which resulted in higher solids loading and a higher thermal stability. The 
calcined powders all possessed a surface area < 10 m2/g, which was regarded as the ideal 
value to ensure sufficient binder coating of the ceramic primary particles.  
HA was also composited with 10 wt% Bioglass® (BG) and 10 wt% canasite glass 
(CAN), which have been documented to possess improved biological properties over the 
ceramic. A maximum compressive strength of 30.3  3.9 and 11.4  3.1 MPa, for BG and 
CAN, respectively, were achieved, and hence revealed that BG was the stronger 
compositing glass. The calcium oxide (CaO) content in raw BG was then increased by 5 
wt%, which resulted in a maximum strength of 56.7  6.9 MPa. The increased CaO was 
found to lessen the effect of glass-induced HA phase transformation into the mechanically 
weaker -TCP, from a -TCP:HA ratio of 1.01 to 0.84, as determined by XRD; and thus 
demonstrating that a 5 wt% change was able to have a profound effect on scaffold 
strength. The compressive strength values obtained herein are a considerable 
improvement on traditional and commercially-available products, thereby demonstrating 
the potential of honeycomb extrusion for fabricating porous scaffolds.  
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Chapter 1: Project Introduction 
 
The present thesis details the investigation into the use of ceramic honeycomb extrusion 
for the fabrication of bone graft substitutes. The motivation for this study was the fact 
that the demand for bone replacement far exceeds the current supply of transplantable 
tissue; the consequences of which vary from a reduced quality of life to mortality. A 
concerted effort has been devoted by the scientific, engineering and medical community 
to develop strategies to address this challenge. One approach that has garnered much 
attention is the use of synthetic materials to produce scaffolds for tissue engineering. 
These vary in material class (e.g. polymer, metal, ceramic) and in design (dense, porous 
scaffold, granules), and hence there are a myriad of options to pursue as research topics. 
However, as our knowledge of bone and fracture healing develops, ceramics, namely 
calcium phosphates, have been highlighted as possessing a great potential for addressing 
the aforementioned issue.  
The principal component of the mineral phase of bone is hydroxyapatite (HA), a 
form of calcium phosphates (CaP) that can be easily synthesised in the laboratory. 
Laboratory-synthesised HA induces bone growth and can degrade within the body. Such 
feats are desirable as HA can expedite the healing process and be removed from the body 
without having to perform a second surgery, thereby obviating further surgery-associated 
risks. Bioactive glasses also possess these inherent biological properties. 
Honeycomb extrusion, the fabrication process in which materials are forced 
through a given orifice, was selected as the fabrication route herein because of the 
additional benefits that can be conferred upon CaP scaffolds. By using a die with a 
honeycomb design, a reciprocal honeycomb structure can be fashioned, whereby the 
added open and interconnected porosity is expected to enhance biological properties. 
Furthermore, imparting porosity hastens bioresorbability as less material needs to be 
resorbed. In addition to porosity, extrusion has been reported to yield high strength, an 
existing constraint of HA scaffolds fabricated through traditional routes. This technique 
has been extensively used for the fabrication of cordierite catalytic supports for catalytic 
convertors, in which the fabrication technique has demonstrated its necessity and utility 
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therein. However, the use of ceramic honeycomb extrusion for bone graft substitutes has 
not thoroughly been explored, and there lies the basis for the current investigation. 
 This research branches out from prior work in that it investigated the effects of 
binders, particle properties and HA-bioactive glass composites on honeycomb extruded 
scaffolds: all of which resulted in original findings. Binders are polymers used to impart 
plasticity to a particulate system, thus allowing it to be shaped. Particle properties were 
explored as they are key determinants of the final properties of scaffolds. Finally, 
composites were examined to further enhance the already exceptional properties of HA.  
 The thesis is structured in the following manner. The aims and objectives of the 
project are outlined in section 1.1. A background to the research project is given in 
Chapter 2, covering the biological properties of bones in order to understand how 
synthetic materials can be used to exploit their healing properties. Chapter 3 specifies 
the characterisation techniques used herein. Chapter 4 details the fabrication stages used 
for the present work. Chapter 5, Chapter 6, and Chapter 7 are results chapters, each 
investigating the effects of different raw materials on the final scaffold products. Chapter 
8 contains both the concluding remarks, limitations and recommendations for future 
work.  
 
1.1 Aims and Objectives of the Project 
The overall aim of this project was to explore the means of achieving high-strength 
scaffolds fabricated by ceramic honeycomb extrusion. In order to achieve this aim, the 
following objectives were pursued: 
 
 Identify suitable binders capable of formulating ceramic pastes suitable for 
extrusion. 
The objective here is to use a binder that permits a high ceramic solids loading, 
and both easy- and clean-burnout without leaving residues that are crack-
inducing.  
 Optimise the extrusion process.  
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Exploring different extrusion parameters and their effects on the quality of the 
extrudate, including extrusion speed, travel distance and pre-extrusion 
conditions.  
 Optimising the thermal treatments following extrusion. 
Once extruded, the green body requires a careful thermal treatment to prevent the 
formation of defects. The objective here is to seek a balance between obtaining a 
defect-free scaffold and fast processing.  In addition, the sintering temperature 
affects both mechanical strength and biological properties; hence the ideal 
sintering temperature, which will depend on the raw material, will need to be 
determined. Factors that limit the use of high sintering temperatures include grain 
growth, chemical phase transformation, and defect formation.  
 
 To determine the effects of the raw ceramic powders. 
The final product for most powder fabrication techniques is affected by the raw 
powders selected. Although it has been acknowledged that key powder properties 
include particle morphology and chemical purity, the ideal characteristics are 
inconclusive, and are likely to vary for each fabrication technique. For example, 
previous work has identified that nano-particles lead to better mechanical 
properties, whereas other work has reported macro-particles yielded higher 
mechanical strengths. Such properties have not been explored for ceramic 
honeycomb extrusion, and hence research will need to be performed to determine 
the optimal powder characteristics. 
 To fabricate a ceramic-glass composite scaffold. 
One means of enhancing the mechanical properties of ceramics is to add glass 
that can result in liquid-phase sintering. Thus, if this can be achieved with 
bioactive-glass, then two benefits would be obtained: enhanced mechanical 
properties and enhanced biological activity. Hence, research was undertaken into 
determining the feasibility of fabricating HA-bioactive glass composites using 
ceramic honeycomb extrusion.  
 To collate of the results and draw a pertinent conclusion to assess the 
necessity and utility of ceramic honeycomb extrusion for the fabrication of 
synthetic bone graft substitutes.  
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Chapter 2: Background 
1.1 Introduction 
The chapter serves as a backdrop to the project. An overview of bone physiology is 
provided in order for the reader to understand the healing capacity of bone and how it can 
be exploited through the use of synthetic materials. The chapter then provides information 
that will rationalise the use of honeycomb ceramic extrusion for fabricating porous 
calcium phosphate scaffolds.  
 
2.1 The Skeleton and Bone Physiology 
2.1.1 The Skeleton 
The role of the skeleton is to maintain physical support for the rest of the body, allow 
movement and locomotion by functioning as levers for muscles, protection of vital organs 
and other tissues, and serves as a reservoir for calcium and haematopoiesis formation 
[1].The skeleton consists of over 200 bones that are anatomically classed into the 
following groups: long bones, short bones, flat bones, and irregular bones [1]. Short bones 
provide strength and compactness, as well as providing some movement, and include the 
patellae, tarsal and carpal bones, and sesamoid bones. Flat bones, which have a protective 
role, include the skull, mandible and ribs.  Irregular bones comprise the vertebrae, sacrum 
and hyoid bone. Long bones are found in limbs where their main role is providing 
locomotion, and include the radii, humeri, fibula, tibia and femurs. Flat bones are formed 
by membranous bone formation, whereas long bones are formed by a combination of 
endochondral and membranous bone formation. [2]. Figure 2-1 portrays examples of the 
different classes of bones. 
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Figure 2-1. Bone groups as classified by shape, which are long bone, short bone, flat 
bone and, for those that cannot be classed in the aforementioned group, irregular bone; 
The different anatomical structure serves a functional purpose.  Adapted from ref. [3]. 
 
1.1.1.1 Gross Anatomy of Long Bone 
Long bones are an example of bones that bear load during locomotion, and Figure 2-2 
illustrates the components thereof. A long bone comprises a shaft and two extremities. 
The central long tubular shaft is called the diaphysis, and the two extremities are called 
the epiphysis, and the area delineating the diaphysis from the epiphysis is the metaphysis. 
The diaphysis is narrowed to afford greater space for the bellies of muscles; and curved, 
which is theorised to counteract bending by distributing stresses, and thus affording 
greater strength to the bone [1]. The diaphysis is primarily composed of dense bone with 
a hollow region called the medullary canal, which is filled with yellow marrow that is 
responsible for producing cartilage, bone and white blood cells [1]. 
The epiphysis and metaphysis consist of spongy bone encased by a relatively thin 
layer of dense bone. The spongy and dense bones are, respectively, referred to as 
trabecular and cortical bone. Trabecular bone is composed of a predominantly porous, 
honeycomb-like structure, whereas the cortical bone is markedly dense. The adult human 
skeleton is composed of 80% cortical bone and 20% trabecular bone [4]. 
 
  6 
 
Figure 2-2. Components of long bone, where it can be observed to comprised of two 
extremities called the epiphysis; a central, long shaft called the diaphysis; and the 
metaphysis, an area delineating the epiphysis from the diaphysis. Each section differs 
from the other with regards to its microstructure  [5]. 
 
The volume ratio of cortical to trabecular bone varies between bones and skeletal sites. 
The ratio for the femoral head is 52:48 [4, 6], whereas for the lumbar spine it is 96:4 [6]. 
Figure 2-3 presents microradiographs highlighting the difference between trabecular and 
cortical bone microstructure, namely the level of porosity.  
Cortical bone has an outer membrane called the periosteum and is lined by an 
inner surface called the endosteum. Within the periosteum there is an osteogenic layer 
where progenitor cells can develop into osteoblasts: the bone-forming cells. Hence, the 
periosteal surface is necessary for appositional growth and fracture repair. The endosteum 
is more frequently remodelled than the periosteum, which is putatively due to exhibiting 
a greater biomechanical strain [2]. In contrast to the periosteum, bone resorption exceeds 
bone formation in the endosteum [7]; hence, bone diameter decreases therein, and 
consequently the marrow space enlarges with age [8]. 
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Figure 2-3. Cortical and trabecular bone observed in a human femur by 
microradiographs [9]. Note the difference in porosity between cortical and trabecular 
regions. 
 
2.1.1.1 Microscopic Anatomy 
Differences between cortical and trabecular bone can also be observed at the cellular and 
histological level. The basic functional units in both cortical and trabecular bone are 
called Haversian systems, which are separately referred to as osteons and packets, 
respectively. The Haversian systems contain mature bone cells called osteocytes; and also 
blood vessels and nerves, which facilitates oxygen and nutrient supply to bone cells [10]. 
An illustration of the aforementioned microscopic anatomical features is provided in 
Figure 2-4. It is believed that the size of the osteocytes determines the level of nutrient 
supply, and in turn governs the bone size. Osteons can be both active and inactive in bone 
remodelling, and it is this ratio that governs the level of porosity within cortical bone. A 
higher cortical remodelling results in greater cortical porosity and hence lower cortical 
bone mass. The cortex thins and the porosity increases in healthy aging adults [2]. In 
addition to a thinning cortex, Haversian system volume decreases with age [11].  
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Figure 2-4. Schematic illustrating microscopic anatomy of bone [5]. The figure 
illustrates the components that make up the microscopic anatomy of bone: osteocytes, 
canaliculi, and Haversian canal.  
 
 Trabecular and cortical bone are normally formed in a lamellar pattern, whereby 
collagen fibrils are laid down in alternating orientations. The mechanism of this 
phenomenon is unknown; however, the alternating layering of collagen fibrils provides 
lamellar bone with significant strength [12]. Bone formation can also be randomly 
oriented, which is referred to as woven bone. Although the mineral content is higher in 
woven bone, this stochastic orientation makes it weaker than its counterpart [13]. Woven 
bone is typically created during primary bone development. The densities of trabecular 
and cortical bone are, respectively, 0.07 to 0.97 Mg/m3, and 1.8 to 2 Mg/m3 [14]. 
 
2.1.1.2 Compositional Difference Between Trabecular and Cortical 
Bone 
Aside from the microstructural differences, animal studies have reported a difference in 
chemical composition, which are presented in Table 2-1. As listed, cortical bone 
possessed a statistically-significant higher inorganic phase, carbonate content and Ca/P 
ratio. The higher inorganic phase in cortical bone may partly contribute to its higher 
mechanical strength over trabecular bone, as the strength is a function of the mineral 
phase [15-18]. High carbonate content is associated with a more stable phase of apatite 
[19], which may contribute to the lower turnover rate observed in cortical bone [20]. 
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Furthermore, a higher carbonate content indicates a more mature bone [21]. A decrease 
in carbonate content is associated with osteoporosis [22], a disease characterised by loss 
of bone strength [23]. Furthermore, the Ca/P has also been implicated in the rate of bone 
turnover. With a lower Ca/P known to be more soluble, which, again, the higher rate 
observed in trabecular could be partly ascribed to its lower Ca/P [23, 24]. Considering 
that trabecular bone is more susceptible to fracturing [23], the higher bone turnover 
appears to be an evolutionary necessity to mitigate the build-up of fractures. It is also 
worth noting that decreasing Ca/P ratio has been found to compromise the mechanical 
strength of bone [25, 26]. Thus, to summate, the chemical composition of trabecular and 
cortical bone differs, which in turn may contribute to the difference between their 
stability, solubility and mechanical properties. 
 
Table 2-1. The difference in bone composition between trabecular and cortical bones 
extracted from the femur and tibia of Sprague-Dawley rats. The table also includes the 
statistical analysis between the two, where it was determined that there was a significant 
difference between the inorganic phase, carbonate content (CO) and calcium-to-
phosphate ratio (Ca/P), but no significant difference (NS) between the magnesium (Mg) 
content. (adapted from ref. [19]) 
Bone Inorganic Phase 
(wt%) 
CO 
(wt%) 
Mg 
(wt%) 
Ca/P 
Molar Ratio 
Trabecular 62.0  0.3 2.3  0.2 3.6  0.2 1.50  0.2 
Cortical 66.4  0.3 3.8  0.2 3.7  0.2 1.63  0.2 
 P < 0.001 P < 0.001 NS P < 0.001 
 
2.1.2 Mediators of Remodelling 
To understand how bone heals, it is necessary to grasp how bone remodels itself under 
normal condition and the mediators involved therein. The remodelling process is a 
cyclical event of bone formation that is preceded by bone resorption, and are mediated 
by various components of bone, including the four cell types found in bone: osteoclasts, 
osteoblasts, osteocytes and bone lining cells. A tree diagram representing the hierarchal 
composition of bone is presented in Fig. 2-5. 
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Fig. 2-5. Tree diagram depicting the hierarchical structure of bone composition. 
 
2.1.2.1 Osteoclasts 
Osteoclasts are the only cells known to be capable of bone resorption, and are the target 
of the majority of osteoporosis medication: a condition that results in weakening of the 
bones [27]. Osteoclasts are derived from mononuclear precursor cells of the monocyte 
macrophage lineage, which also form tissue-resident macrophages that are known for 
their digestive capabilities of other cells [28].  
 Osteoclasts bind to receptors on the bone matrix that causes them to become more 
polarised [29]. The cell undergoes a conformational change and forms a sealing zone 
surrounding the resorption site. During this process, the mineral part of bone is dissolved 
by the osteoclasts, which secrete hydrogen ions that acidify the resorption region below 
where the cells are anchored. Simultaneously, the osteoclasts also secrete an enzyme 
(cathepsin K) that lyse the proteinaceous matrix, wherein collagen is its main component 
[2, 30].  
 
2.1.2.2 Osteoblasts 
Osteoblasts, or bone-forming cells, synthesise new bone matrix on bone-forming 
surfaces. Population of osteoblasts are heterogeneous, with diverse cells expressing 
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distinctive genes that could explain the differences of the trabecular micro-architecture at 
various skeletal sites, site-specific anatomical differences due to disease, and local 
differences when in response to active pharmaceutical ingredients for bone therapy by 
the osteoblasts [31].  
 
2.1.2.3 Osteocytes 
Unlike osteoclasts, osteoblasts and lining cells, which reside at the bone surface, 
osteocytes are embedded within calcified bone, residing in the Haversian systems. 
Osteocytes account for more than 95% of bone cells [32], and their role is to support bone 
structure and metabolism. They are also involved in both the demineralisation and 
remineralisation of bone [33]. Osteocytes are terminally differentiated from osteoblasts 
[34], and the products they secrete [35].  
 Osteocytes possess different factors that assist in intracellular adhesion and 
regulate the exchange of minerals within osteons [36]. The cells are combined together 
metabolically and electrically through gap junctions consisting of primarily connexion 
43, a protein that regulates intercellular communication with regards to cell 
differentiation, proliferation and cell death. Osteocytes transduce stress signal from 
stretching or bending of the bone into biological activity flow of canalicular fluid, in 
response to the stimulation of osteocytes through said external forces. Transient calcium 
diffusion across filipodial gap junctions in bone are thought to relay the transmission of 
information between osteoblasts on the bone surface and osteocytes situated within the 
bone [2, 37].  
 Osteocytes may survive for decades in human bone that is not turned over [34].  
The presence of empty lacuna suggests that osteocytes may undergo cell death. Causes 
of osteocyte cell death can arise from estrogen deficiency or glucocorticoid treatment 
[38], such as for asthma, allergy or adrenal deficiency, and is harmful to bone structure. 
Fig. 2-6 is an illustration depicting osteocytes, osteoblasts and osteolcasts. 
 
2.1.2.4 Bone lining cells 
Bone lining cells (BLC) are also differentiated from osteoblasts. They have multiple 
functions, including communicating with osteons, inducing the proliferation and 
  12 
differentiation of osteogenic cells, respond to mechanical stimuli, and evidence suggests 
that they are involved in the propagation of the activation signal that initiates the 
remodelling cycle [39].  
 
 
 
Fig. 2-6. Illustration of the aforementioned bone cells: osteoclasts are recruited for 
bone tissue absorption; osteoblasts form new bone tissue; osteocytes are mature 
osteoblasts that are embedded within bone tissue; and Osteogenic cells are 
undifferentiated pre-osteoblast cells [40]. 
 
2.1.2.5 Bone Matrix 
The bone matrix is a hierarchal structure and comprises the majority of bone tissue, as 
demonstrated in Fig. 2-7. Its role is to bind cells and non-cellular components (i.e. 
extracellular matrix) together to form an organised structure, which will allow the bone 
to perform its functions. Bone matrix consists of 50 to 70% mineral, 20 to 40% organic 
matrix, 5 to 10% water and less than 3% lipid [41]. The mineral phase provides the 
mechanical rigidity and load-bearing capabilities of bone. The principal component of 
the mineral phase is hydroxyapatite [42], with small amounts of carbonate, magnesium, 
acid phosphate, as well as being hydroxyl-deficient. Examples of bone compositions 
reported in the literature are provided in Table 2-2.  
Hydroxyapatite (HA) crystal size and concentration are promoted by calcium- and 
phosphate-binding proteins (e.g. alkaline phosphatase) secreted by osteoblasts, which 
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results in ordered formation of the bone mineral phase [43]; irregularities thereof are 
ascribed to several pathological conditions [44]. The process thereof is referred to as bone 
mineralisation. The exact mechanism of mineralisation is yet to be determined, with 
multiple theories, including collagen template-mediated and matrix vesicle-mediated 
mineralisations, postulated. The theories are beyond the scope of this thesis; a summary 
thereof can be obtained from ref. [45]. One such theory is that bone mineral formation 
initiates in the hole zone of collagen fibrils, and gradually develops into the inter- and 
intrafibrillary space [46]. A study by Meunier and Boivin (1997) revealed two distinct 
stages in the mineralisation process: (i) an initial rapid process, with a time frame of a 
few days) that results in bone tissues containing approximately 60-70% of the mineral 
load of fully mineralised bone; (ii) a subsequent stage that is contrastingly slower and 
lasts for at least a few  months, whereby complete bone tissue mineralisation is attained 
[47].  
Suffice it to say, the mineralisation process of bone determines the strength of 
bone [48], which can be compromised by pathological disorder. For example, sufferers 
of osteomalacia, a common bone disorder caused by pathological mineralisation, have a 
lower rate of calcification during mineralisation, yet a larger bone surface area that is 
covered unmineralised tissue. Another pathology is osteoclasia, whereby the over activity 
of osteoclasts during the mineralisation process results in fibrous connective tissue 
replacing osseous tissue. There are several other disorders, such as fibrous osteodystrophy 
and osteoitis deformans to name two, attributed to the disruption of the biomineralisation 
process, which can lead to bone unable to bear load [45]. 
Furthermore, formation of HA crystals with a sharp, mono-modal size 
distribution, in contrast to a wide distribution, are believed to result in mechanically 
weaker bones [49]. Fig. 2-7 displays the hierarchal structure of bone, wherein the relation 
of hydroxyapatite crystals to said structure is demonstrated. The mean length and width 
of the crystals are approximately 20-50 nm and 12-20 nm, respectively, which vary 
depending on several factors, including age, nutrition, location of the tissue [50]. These 
in turn impact the structure and composition of the mineral phase of bone. Unlike dental 
enamel, calcium phosphates are poorly crystallised. Hence their study by either x-ray 
diffraction or infrared spectroscopy reveals broad peaks or bands, respectively [51]. 
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Table 2-2. Examples of the elemental composition of bone apatite by weight. The table 
demonstrates that bone apatite comprises of several impurities, with carbonate being the 
largest in terms of content. (adapted from ref. [51]). 
Element Carlstrom Woodward Triffitt et al. 
   Young Old 
Calcium 27 22.2 23.4 24.6 
Phosphor 12 10.2 11.9 12.6 
Magnesium 0.5 0.12 0.40 0.51 
Sodium 0.5 0.06 0.55 0.64 
Potassium 0.05 - 0.15 0.05 
Fluorine 0.02 - - - 
Chloride - - 0.14 0.08 
Carbonate 4 - 3.57 3.99 
Ca/P mol 1.79 1.68 1.52 1.52 
 
The degree of maturity of calcified tissues also varies, with respect to crystallinity, Ca/P 
ratio and impurities; which all increase with age. In contrast, magnesium content 
decreases at the same time [51].  
In contrast to geological hydroxyapatite, bone hydroxyapatite crystals are small, 
poorly crystalline, and are more soluble; the latter is thought to allow support of mineral 
metabolism [52].  
 As bone matures, HA crystals increase in length and perfection (e.g. less 
impurities), but decrease in thickness [49], which is again regulated by proteins. Increase 
in crystal size occurs by crystal growth, whereby free ions are recruited; through 
secondary nucleation; and by fusion or aggregation of existing crystals. Cell viability, 
genetic factors and diet also affect crystal enlargement [49]. An additional factor that has 
also been postulated is the presence of impurities in the crystal lattice, which results in a 
driving force for the crystal to minimise its chemical imperfection [53]. The most relevant 
substitution concerning bone, notwithstanding minor and trace element substituents, is 
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the replacement of trivalent phosphate anions of the HA structure with divalent species 
such as carbonate (type B) and hydrogen phosphate ions. These substituents have been 
detected in large and variable amounts in bone mineral using different spectroscopic and 
chemical techniques [54]. The charge compensation mechanism for synthetic apatites 
containing these bivalents ions involves the formation of two ionic vacancies: one on a 
cationic site and one on a monovalent anionic site, which lead to the general formula [54]: 
Ca10-x (PO4)6-x (HPO4 or CO3)x (OH)2-x 
The replacement of phosphate with divalent ions is associated with a loss of hydroxyl 
ions, hence the depleted hydroxide ions observed in bone apatite. In addition, the 
substitution of carbonate (Type A) into the monovalent anionic sites could deplete 
hydroxyl content [55].  
The organic phase of bone provides flexibility for minimising brittle fracture. The 
organic phases comprise 85 to 90% collagenous protein, and 10 to 15% non-collagenous 
proteins. Members of the latter include serum albumin and 2-HS-glycoprotein, which 
bind to hydroxyapatite because of their acidic properties. Both serum albumin and 2-
HS-glycoprotein are believed to regulate matrix mineralisation and regulate bone cell 
proliferation, respectively. Both collagenous and non-collagenous proteins are 
synthesised and secreted by osteoblasts, and are degraded by proteins secreted by 
osteoclasts [56, 57]. Fig. 2-7 is a schematic portraying the hierarchical structure of bone 
tissue, encompassing the aforementioned components. 
 
 
Fig. 2-7. The hierarchical structure of bone [58]. Note the atomic scale components 
used to build-up from into this remarkable tissue. Hydroxyapatite will be discussed in 
Section 2.3.4 
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2.1.3 Bone Growth, Modelling and Remodelling  
2.1.3.1 Bone Growth and Modelling 
Bone growth occurs both radially and longitudinally during childhood and adolescence. 
Tissue proliferation occurs in the metaphyseal and epiphyseal sections of long bones, and 
is followed by mineralisation that forms primary new bone [2]. Diet affects bone growth, 
with long-term consumption of soft drinks and proteins are associated with a negative 
and positive effect, respectively, on bone growth [59, 60]. 
 Bone modelling is the shaping process of new bone deposition without prior 
complete resorption, in response to physiological or mechanical stimuli. During this 
process, bones widen with age in response to periosteal apposition of new, and endosteal 
resorption of old, bone. In addition, bones may expand or change axis by addition or 
removal of bone-appropriate surfaces by the actions of osteoblasts and osteoclasts, in 
accordance to external stimuli. This phenomenon is known as Wolff’s Law: an 
observation that describes the change in bone density in response to stresses applied 
thereto. The modelling process occurs right through to old age but markedly less so than 
the early years after completion of growth [61, 62]. An example of mechanical stimuli is 
seen in tennis player, where the physical activity undertaken results in individuals 
exhibiting a higher bone mass in their dominant playing arm compared to their passive 
arm [63]. The modelling process is also observed in bones that are not axially loaded, 
hence other factors are involved [64]. 
2.1.3.2 Bone Remodelling 
Bone modelling occurs minimally in adulthood, and is replaced by a remodelling process, 
in which existing bone matrices are replaced by new matrices to maintain bone strength. 
The process is vital for preventing the accumulation of micro-cracks, combatting diseases 
such as osteoporosis, and mineral homeostasis [65, 66]. The process entails the sequential 
process of osteoclast-osteoblast activity, whereby old discrete parts of bone are removed 
and are replaced by newly-mineralised bone, which precede the deposition of a 
proteinaceous matrix. In contrast to modelling, the coordination between osteoclasts and 
osteoblasts aims to keep bone shape and structure unchanged during adulthood. The 
remodelling process consists of four stages: activation, resorption, reversal and 
formation; which may occur randomly but can also be directed to sites requiring repair 
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[67]. The remodelling process is briefly detailed below, summarised from the following 
references [2, 67, 68]. Fig. 2-8 is a schematic depicting the remodelling process. 
Activation involves the recruitment and initiation of osteoclast precursors that 
originate from blood circulation, after which the surface of bone is lifted. During this 
stage, the precursor cells fuse to form multinucleated pre-osteoclasts that bind to the bone 
surface at the remodelling site. Following activation is the resorption stage, which occurs 
for approximately 2-4 weeks for each remodelling cycle. Here, the osteoclasts secrete 
hydrogen ions to lower the pH within the bone-resorbing site to as low as 4.5 to aid bone 
mineral disintegration. Simultaneous to hydrogen ion secretion, proteins are released by 
the cells to digest the organic phase of bone. The resorption phase is terminated when the 
osteoclasts undergo apoptosis.  
 The intermediate phase between resorption and formation is called the reversal 
phase. Current knowledge suggests the cavities formed during resorption possess a 
variety of mononuclear cells released from the bone matrix, such as osteocytes that were 
recently shown to be able to revert into mature osteoblasts. In addition, preosteoblasts 
further enrich the site with bone-forming cells, and are recruited to commence new bone 
formation. Although the coupling signals linking resorption to the beginning of formation 
are not known, it putatively involves molecules decreasing osteoclast activity.  
 The final stage is formation, and takes approximately six weeks to complete. 
Osteoblasts synthesise new collagenous organic matrix, and regulate mineralisation of 
matrix by releasing calcium and phosphate that enzymatically lyse mineralisation 
inhibitors, such as pyrophosphate. It is also during this stage that the osteoblasts convert 
to osteocytes, however, approximately 50 to 70% undergo apoptosis.  
The remodelling cycle is the same for both trabecular and cortical bone, with the 
end product of each remodelling sequence is the production of new osteons. Remodelling 
results in newer, healthier bone that preserve bone strength and other functions reported 
above. Again, the remodelling processes is governed by Wolff’s Law. The annual 
turnover rate of the whole skeleton is 10%, and cortical turnover on average is 4% per 
year, which is sufficient to maintain bone strength [2, 69]. However, the difference 
between old bone resorbed and new bone formed results in thinning of both trabecular 
and cortical bone with age. 
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Fig. 2-8. Schematic illustrating the remodelling stages of bone. The activation stage 
entails pre-osteoclasts moving to the site of interest and binding thereto, which takes 3-
5 days. This is followed by the resorption stage, which occurs for approximately 22 
days, whereby the bone site is resorbed. The final stage of formation is where 
osteoblasts synthesis new collagenous and mineral matrices, which occurs for 
approximately 2-4 months [70, 71]. 
 
2.1.4 Determinants of Bone Strength 
Bone strength is dependent on large variety of interconnected factors. Bone mass 
accounts for 50 to 70% of bone strength [68]. Bone composition and geometry are 
important; however, larger bones are typically stronger than smaller bones, even with 
equivalent bone density. As the bone density increases radially, so does the strength by 
the radius raised to the power of four. The ratio of cortical to trabecular also affects bone 
strength. Bone strength is further determined by diseases affecting both the organic and 
inorganic matrices [72]. Pathologies such as osteogenesis imperfecta and scurvy 
demonstrate the importance of collagen for bone strength, as deficiency thereof results in 
substantial increases to fracture risks. Lastly, as previously alluded to, individual 
lifestyles such as diet and exercise affect bone strength. 
 
2.1.5 Fracture Healing 
Bone is one of few tissues that is able to heal without forming a fibrous scar. This is a 
great feat considering bone is biphasic in more ways than one, wherein the regeneration 
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of both a mineral and organic phase is achieved. For fracture healing, there are two 
methods in which the process can occur: direct or indirect. A concerted effort was applied 
in elucidating the healing process, including examining from a biological, mechanical 
and electrical perspective [73, 74]. A brief overview from a biological perspective is 
provided herein, summarised from Kalfas (2001) [75] Marsell and Einhorn (2011) [73], 
and Manske and Shankman (2011) [5]; to illustrate the key biological factors involved in 
the process: factors one should bear in mind when designing a scaffold. 
 
2.1.5.1 Direct fracture healing 
Direct healing, also referred to as primary healing, is the process of bone directly restoring 
anatomical and biomechanical properties of the lamellar structure. Bone on one side of 
the fracture site must bond with bone on the other side of the defect site to reinstate 
mechanical continuity. This form of healing only proceeds when anatomical restoration 
of the fracture fragments is achieved and rigid fixation is provided, externally if needed, 
that substantially reduces inter-fragmentary strain. Direct healing of fractures can either 
occur through contact healing or gap healing, which are briefly described below.  
2.1.5.1.1 Contact healing 
The fracture unites if the defect gap is less than 10 m. In this process, cavities are formed 
at the periphery of osteons closest to the fracture site, by osteoclasts. The osteoclasts 
proceed to remove damaged fragments and the cavity is refilled with osteoblasts that 
initiate new bone formation, including simultaneously forming new Haversian systems. 
The bridging Haversian systems later mature into lamellar bone resulting in fracture 
healing without the formation of periosteal callus.  
 
2.1.5.1.2 Gap Healing 
For gap healing to occur, the defect gap is greater than 10 m but less than 1 mm. The 
process differs from contact healing in that bone union and Haversian system are not 
simultaneously remodelled, and as a result this form of healing is the slower of the two. 
The process occurs in two stages, where the first stage establishes a mechanically weak 
lamellar bone that occurs approximately between one to two months; prior to the 
secondary stage that resembles the activity occurring during contact healing process.  
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2.1.5.2 Indirect fracture healing 
Indirect healing is the most frequent form of fracture healing. It differs from direct healing 
in that anatomical reduction or stable mechanical conditions are not required. The process 
can be grouped into six distinct, yet overlapping stages [73]. The stages are detailed below 
to illustrate the role of cells and calcium in healing, as well as blood vessel formation.  
 
2.1.5.2.1 Acute Inflammatory Response 
Immediately following the trauma, a hematoma is formed, which contains bone marrow 
cells. An acute inflammatory response is also triggered by the release of pro-
inflammatory molecules at the fracture site. The pro-inflammatory molecules include 
molecules that recruit inflammatory cells, and is also involved in facilitating angiogenesis 
and stimulating the differentiation of osteoclasts and osteoblasts. The response causes the 
hematoma to coagulate throughout the defect site forming a template for callus formation. 
The acute inflammatory response peaks within the first twenty-four hours and finishes 
after seven days, although the pro-inflammatory molecules remain for regulating 
subsequent process. 
 
2.1.5.2.2 Recruitment of Mesenchymal Stem Cells 
Mesenchymal stem cells (MSCs), which ostensibly originate from the surrounding tissues 
and bone marrow, are vital for bone regeneration, as they proliferate and differentiate into 
osteogenic cells. The molecules involved in the process are yet to be determined, with 
molecules involved in both the MSCs recruitment and the revascularisation of the defect 
site have been purported to be involved. The recruitment of MSCs initiates a cascade of 
collagen release and other peptide molecules that facilitate the generation of cartilaginous 
and periosteal bony callus, which are needed to provide an initial mechanical support to 
the fracture site.  
 
2.1.5.2.3 Generation of Cartilaginous and Periosteal Bony Callus 
A fibrin-rich, cartilganious granulation tissue ensues the hematoma formation, whereby 
an endochondral formation occurs at the defect site. The formation of fibrin is to provide 
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stability to the mechanically-weak defect site. In addition, the simultaneous formation of 
intramembranous ossification occurs forming a hard callus, whereby the bridging thereof 
from both ends of the defect site results in a partially-rigid structure that allows load-
bearing.  
 
2.1.5.2.4 Revascularisation and Neoangiogensis 
Pro-angiogenic signalling molecules that promote blood vessels and their penetration into 
the endochondral tissue continue to be secreted in and around the fracture site. 
Furthermore, cells that remove the extracellular matrix are incorporated to assist the 
penetration of blood vessels. Obstruction of the blood supply formation has been reported 
to perturb the healing process.  
 
2.1.5.2.5 Mineralisation and Resorption of Cartilaginous Callus 
The penultimate stage of the healing process entails the resorption of cartilaginous callus 
that is replaced by callus chondrocyte, whereby their proliferation results in a hard bony 
callus. The calcification mechanism entails the build-up of calcium granules located 
within mitochondria, which are released into the extracellular matrix and proceed to 
precipitate with phosphate to form mineral deposits. As this stage of the fracture healing 
process advances, the mechanical stability of the defect site is enhanced. 
 
2.1.5.2.6 Bone Remodelling 
The final stage of the healing process ensures that pre-facture mechanical strength is 
restored, which could take years to accomplish. For this to occur, the bony callus is further 
resorbed by osteoclasts, and lamellar bone structure is formed by osteoblastic activity. 
Concurrent with this period, the marrow space is re-established, and pre-injury vascular 
flow is restored.  
 
2.1.6 Failure to Heal 
Despite the healing capabilities of bone tissue, there are instances, whether due to genetic 
or external factors, when it fails to heal; examples of such are given in the following 
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section (section 2.2). In particular instances, an extrinsic stimulus is needed to induce 
bone regeneration. This can be in the form of a structure that adjoins both ends of the 
defect sites and provides structural support for the mediators of healing to perform their 
respective duties: essentially a scaffold for the cells. Such a structure will need to be 
biologically safe and not toxic to cells. A more desirable structure would need to be 
conducive to the healing process, and fortunately, there are synthetic materials that can 
perform said feat. In addition, the scaffold should mimic the lost bone tissue with respect 
to geometry and mechanical strength.  
 In summary, the skeleton is an extraordinary organ that has the capacity to pre-
empt against deleterious defects by remodelling on a frequent basis. The skeleton can also 
heal itself when defects arise, provided the underpinning process is unperturbed. 
However, in particular cases, surgical treatments are needed to rejuvenate the healing 
process, such as bone graft substitutes. Bone graft substitutes (BGS) belong to the cross-
disciplinary research field of tissue engineering: the extrinsic approach of replacing 
missing biological tissue. In bone graft substitution, the process entails the use of either 
a natural or synthetic substrate to replace missing or damaged bone tissue. The remainder 
of the chapter will describe the need for BGS and the materials that can be used; and the 
concerted endeavour to develop the ideal BGS using calcium phosphate ceramics. 
 
2.2 Clinical need for BGS 
In 2014, Trauma and Orthopaedics was ranked as the surgical speciality with the second 
highest activity in the U.K. (1.2 million procedures), surpassed only by ‘General Surgery’ 
(1.3 million procedures), in which the latter is a broad collection of unclassed procedures 
[76]. Bone transplantation is second to only blood transfusion [77]. Thus, there are both 
medical, as well as economical motivations, for developing treatments for said activity, 
of which bone graft substitute should be considered. The number of procedures is 
expected to rise, which are driven by populations living longer, as well as lifestyle 
choices. Examples of where BGS are needed include trauma, joint replacement surgery, 
spinal surgery and bone tumour resection [78]. 
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2.2.1 Trauma 
Each year in the USA there are an estimated 700,000 vertebral fractures, 280,000 hip 
fractures and 250,000 wrist fractures that cost $10 billion to treat [79]. However, in 5% 
of all fractures and 20% of high-impact fractures, healing is either delayed or does not 
occur [80]; the latter is clinically referred to as non-union fracture. In such instances, the 
intervention of surgical means is required to facilitate bone healing, of which BGS is one 
of limited treatment options. Open reduction and fixation of fractures with dynamic 
screws and plates is one means of attaining stability in order for bone to heal. However, 
this approach can lead to periosteum impairment, which is a key source of osteoprogenitor 
cells necessary for bone restoration [81]. The demand for BGS is emphasised by the fact 
there are around four million procedures involving BGS performed globally per year, and 
an expected increase in fracture-caused death or disability [78, 82-84]. Previous clinical 
studies have demonstrated that risk factors with higher odds of fracture include obesity, 
excessive alcohol consumption, smoking and psychological stress [85-88].  
 
2.2.2 Joint Replacement Surgery 
Joint replacement surgery (JRS) was the most common surgical admission procedure 
performed in the UK in 2013/2014 [76], and is expected to rise due to risks associated 
with lifestyle choices. The surgery is used to treat joints where the articulating component 
between two bones has been extensively damaged beyond self-repair. JRS include total 
and partial hip, knee and shoulder replacements. The use of synthetic materials, such as 
polished stainless steel, can provide many years of mobility to the patient before 
loosening. It has been shown that Ancient Egyptians had implanted iron prosthesis for 
knee joint replacement as early as 600 BC [89]. Unfortunately, these materials are 
associated with a relatively high rate of implant loosening, which require a revision 
surgery, thereby subjecting patients to further surgical-associated risks. The loosening of 
implants is thought to arise from particulate wear debris that initiate an immunological 
response resulting in osteolysis via osteoclast activity [78]. There is ongoing research into 
improving both material selection and surgical procedures to mitigate implant loosening. 
For example, using ceramic-on-ceramic articulations instead of metal-on-metal 
considerably reduces the revision rate over a ten-year period [90]. 
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2.2.3 Spinal Surgery 
Back pain is a debilitating disorder for both patient and civilisation, with an estimated 
cost exceeding £1.5 billion to the UK economy. If the pain is skeletal-related, including 
non-union fractures, then surgical intervention is once more used to alleviate pain. Over 
500,000 bone graft autotransplants for spinal surgery are performed annually in the USA 
alone [78].  
2.2.4 Bone Tumour Surgery 
Although primary bone tumour (i.e. tumour originating from the bone) is uncommon, 
they are difficult to identify, and excision thereof often leaves large skeletal defects. Bone 
tumours particularly affect children and adolescents, and therefore an effective treatment 
is required to avoid long-term, chronic health problems. Further to this, bone cancer 
incident rates were found to increase in 0-39 year olds from 1982 to 2002 [91]; and for 
the over 40 different bone cancers recorded by the World Health Organisation, a link 
between old age and some of the cancers was established [92]. Bone cancer aetiology is 
poor, with putative causes include radium contamination from water, wherein bone 
interprets the element as calcium and the subsequent irradiation therefrom [93]; 
consequence of over-weight [94]; and the fact that bone is a common metastatic cancer 
site [95]. 
As this section demonstrates, there are multiple clinical needs for BGS. Indeed, 
prevention is better than cure, but as mentioned, some have unknown aetiology, and 
others such as ageing cannot be prevented. Hence, treatment is inevitable. Fortunately, 
there are numerous BGS options available, and selection of an ideal graft relies on several 
factors. BGS can be synthetic, in which bespoke grafts can be fabricated to meet specific 
needs, provided that the fabricated part meets the requirement for an ideal BGS.  
 
2.3 Designing Bone Grafts 
2.3.1 Requirements for Bone Grafts 
The purpose of using bone grafts is to restore missing bone, and thus lost function. For a 
material to be considered suitable for grafting, certain biological and physical criteria 
need to be matched.  
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2.3.1.1 Biological Properties 
For a synthetic material to be considered in any tissue engineering application, it must be 
biologically safe, in which elements released therefrom must not result in an adverse 
reaction, such as inflammation and septic rejection; all the while performing its intended 
application. If a material is biologically safe then it is categorised as biocompatible [96], 
which can be further divided into three aptly-named different sub-categories: bioinert, 
bioactive and bioresorbable [97]. Materials that do not elicit an adverse reaction are 
classed as bioinert, which include aluminium oxide and zirconium oxide [96]. Materials 
that are biocompatible and elicit a favourable reaction are termed bioactive. Such 
responses include inducing bonding between bone and material, or the recruitment of 
bone cells. The last sub-group contains materials that are either resorbed or degraded in 
the body, and the products are safely excreted thereafter. Resorption refers to materials 
that are absorbed into circulation by cells, namely osteoclasts, whereas degradation 
pertains to those materials that are removed from the body through natural breakdown, 
such as structural or chemical. Thus, bioresorption can be either cell-mediated, 
chemically-mediated or physically-mediated. 
 The ideal BGS should be bioactive and bioresorbable. Upon implantation, the 
material should initiate a bioactive response that results in bone regeneration, whilst 
simultaneously bioresorbed at a rate matching the regeneration process [98]. This means 
the material must be osteoconductive, where bone cells are recruited for new bone 
growth; osteoinductive, wherein the implant is conducive in stem cell differentiation into 
osteoblasts and osteocytes; and osseointegrative to allow integration with the surrounding 
tissues [99].  
 
2.3.1.2 Physical Properties 
The ideal bone graft with its bioactive properties should provide sufficient physical 
support for bone regeneration to take place. This entails a structural support for cells to 
adhere onto the implant; dynamically maintaining the mechanical properties that allow 
continued function (e.g. mobility) by closely mimicking characteristics of the missing 
bone throughout resorption (e.g. compressive strength, elastic modulus and fracture 
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toughness); and mimicking bone porosity with regards to pore size, total porosity and 
interconnectivity.  
 Porosity, particularly interconnected porosity, facilitate the migration and 
proliferation of cells and nutrients throughout the implant, as well as vascularisation 
[100]. As stated in section 2.1.5.2.4, facilitating blood supply formation prevents healing 
complications, which can be achieved by incorporating porosity. Furthermore, a porous 
architecture enhances the mechanical interlocking at the interface between implant and 
the adjoining tissue resulting in greater implant stability [101]. Hence, incorporating 
porosity would be beneficial in clinical applications where implant loosening is 
encountered (section 2.2.2). In addition, the distribution of porosity can be used to tailor 
the rate of degradation. 
Pore size requirements are bimodal, consisting of micropores (< 5 m) and 
macropores (> 100 m) [102]. Both microporosity and macroporosity are important for 
attaining osteoconductivity [103]. However, the pore size requirements are inconclusive, 
as, for example, studies have surmised macropores greater than 400 m are necessary for 
bone formation [104, 105]. With regards to the total porosity volume, numerous studies 
have verified that higher porosity leads to improved osteogenesis. This is likely to be as 
a consequence of a larger surface area that increases the rate of ion exchange and other 
bone-inducing factors. If the porosity is interconnected then it is considered more 
advantageous as it provides a continuous spatial connection for bone growth to proceed 
[100].  
 Porosity and mechanical properties are mutually exclusive in ceramics, and hence 
the mechanical strength of an implant should be considered when pursuing high porosity. 
The principle mechanical property used to characterise the strength of an implant is the 
compressive strength, which for cancellous bone ranges from 2 to 45 MPa, and from 90 
to 230 MPa for cortical bone [106, 107]. Indeed, the strength of bone varies from patient 
to patient, and between different bone sites (section 2.1). Furthermore, the extent to which 
porosity can be increased without being detrimental to mechanical properties depends on 
the nature of the material and the fabrication technique used.  
 In summary, the ideal bone graft substitute should promote bone regeneration and 
simultaneously degrade or resorbed to preclude the need for a second surgery; and 
therewithal providing sufficient mechanical strength and interconnected porosity.  
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2.3.2 Natural Bone Graft Substitutes 
The gold standard in BGS is autotransplantation, whereby osseous matter is harvested 
from one bone site to the defect site within the same individual. Autologous bone is 
osteoconductive, osteoinductive and osteogenic due to, respectively, the presence of bone 
chips, growth factors and cells [108]. Further advantages of autologous bone are their 
excellent success rate, histocompatibility and low risk of disease transmission.  
Autologous bone can either be cancellous or cortical, with the former reported to 
be easily re-vascularised and rapidly incorporated into the recipient site [109]. A 
cancellous graft is suitable for non-load-bearing application, however it does not deliver 
substantial structural support immediately, requiring six to twelve months to achieve 
similar strengths to a cortical graft following implantation; hence a cortical graft is 
preferred for load-bearing applications [109]. Accordingly, cancellous grafts are 
recommended for bone defect sites of under 6 cm that do not require immediate structural 
integrity [110]. Autologous cancellous bone is commonly harvested from the iliac crest 
since a large supply of bone can be extracted.  
 Autologous cortical bone can be grafted from the iliac crest, ribs and fibula, and 
are ideal for segmental defects greater than 6 cm. Cortical grafts can be extracted with or 
without their vascular segments, with pedicles thereof recommended for defects greater 
than 12 cm [111]. Although cortical grafts can achieve immediate structural support, they 
possess little or no osteoinductive properties and are mostly osteoconductive, with 
surviving osteoblasts providing osteogenic capabilities [110].  
The main disadvantage of autologous bone is their limited quantity and the donor 
site morbidity. Quantities are further limited in individuals who have bone diseases that 
lower the quality of available bone, such as in osteoporosis or arthritis. For these reasons, 
alternatives to the gold standard were pursued.  
Allograft is another common BGS approach, and was used in 35% of all bone 
transplantation in the United States [112]. In allotransplantation, the graft is obtained from 
a donor or cadaver, and thus safety is a concern with regards to histocompatibility and 
the risk of disease transmission. The benefits of allograft over autograft bones are no 
donor site morbidity to the patient and increased graft availability, although quantities are 
still limited. The disadvantages in comparison to autografts include limited 
osteoinduction that results from the processing and sterilisation of allografts [113].   
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2.3.3 Synthetic Bone Graft Substitutes 
In 1994, the use of synthetic bone graft substitutes in orthopaedic procedure surpassed 
that of auto- and allografts in the United States [114]. A wide range of synthetic materials 
have been researched as replacement to autografts. These include metals, plastics, glass 
and ceramics, each with their respective strengths and weaknesses.  
 
2.3.3.1 Metallic Alloy-based Implants 
Metals were the first widely adopted orthopaedic material-of-choice in the last century, 
in which metallic alloys attained a wider application as implants than pure metals due to 
their enhanced mechanical properties and good biocompatibility. The first alloy 
developed for implantation in humans was “Sherman Vanadium Steel” [115], with 
stainless steel alloys introduced in the 1920s [116]. Stainless steel alloys are reliable with 
regards to fatigue resistance, however, studies discovered that fatigue properties 
decreased when subjected to corrosive media, such as the biological milieu, leading to 
increased implant failure [116]. Such alloys have poor pitting and crevice corrosion 
resistance due to the chromium carbide forming on the grain boundaries that induces 
crack initiation on the surface [117]. Furthermore, there are cytotoxicity concerns with 
the alloying elements used in stainless steels, particularly nickel which has been reported 
to induce localised tumour formation [118-120].  
Later, cobalt and titanium alloys were introduced for their higher mechanical 
properties and biocompatibility. Cobalt alloys were first used in the 1940s as medical 
implants having demonstrated great corrosion resistance and excellent mechanical 
properties for aircraft applications. Of interest is the cobalt-chromium-molybdenum alloy 
that demonstrated high biocompatibility, which was attributed to its high corrosion 
resistance that limits ion release. As such, cobalt-based alloys succeeded stainless steel 
implants in certain clinical applications. However, both cobalt and chromium were later 
classified as highly toxic elements, and were found to be problematic in long-term 
implants, due to the release of ions as a result of metal-on-metal contact. The alloys have 
a high density (9.8 gm/cm3), are expensive, and require a costly fabrication processes that 
further limit their application [117]. 
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Similar to cobalt alloys, titanium alloys were also used in aerospace application 
before employed as dental implants in the 1950s. Of interest is Ti6Al4V (titanium-
aluminium-vanadium alloy), which has a relatively low density (approximately 4.5 
gm/cm3) yet high strength, and hence, a superior specific strength; a low elastic modulus 
that minimises the effects of stress shielding; displays excellent corrosion and 
biocompatibility, with both in vitro and in vivo analyses demonstrating titanium’s safety; 
and, where both stainless steel and cobalt-alloys lacked in, osseointegration [117]. 
However, concerns have arisen due to the use of aluminium and vanadium as alloying 
elements due to their deleterious effect within the body. Aluminium is a growth inhibitor 
to bone and a possible cause of Alzheimer’s, whereas vanadium is toxic to cells [121-
123]. Furthermore, Ti-alloys are also costly and are difficult to forge, compared to other 
biomaterials.  
The two main concerns with metallic implants, which are osseointegration and 
ion release, can be obviated with the use of ceramic coating. As will be detailed in the 
following section (section 2.3.4), calcium phosphates (CaP) form a strong bond with the 
surrounding bone tissue, and provides a barrier that mitigates metallic ion release. Plasma 
spray coating is a commercially-available technique that can be used to coat metallic 
substrates, but others are also being researched, such as the sol-gel and pyrosol methods. 
However, CaP decomposition, coating delamination and incurring costs are problems 
encountered when coating metal-based implants. Other problems associated with metallic 
implants include interference with magnetic resonance imaging procedures, which is a 
widely used diagnostic technique [124-126].  
 In conclusion, despite possessing excellent mechanical properties, metal-based 
implants are limited by the release of metal ions into the body, a high elastic modulus that 
is counterproductive for long-term application, and a lack of bioactivity. It is worth 
remarking that osseointegration in metals (e.g. titanium and tantalum) is only achieved 
where a passive ceramic oxide layer is formed (e.g. TiO2 and Ta2O5), and it is this oxide 
layer that is conducive to the spontaneous nucleation of apatitic crystals. Moreover, the 
formation of oxide layers in metals, such as Co- and Ti-alloys, helps to minimise ion 
release. The human body only possesses metal ions but no metallic structure. Thus, it can 
be reasoned that ceramic materials are more suitable for the physiological milieu as well 
as providing a favourable surface for osteogenesis.  
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2.3.3.2 Polymer-based Implants 
As stated previously, bone is composed of both ceramic and polymers. As such, the use 
of polymers has been explored as potential BGS. Polymers can be classed either as natural 
or synthetic polymers, of which both degradable and non-degradable forms exist. 
Development of polymers synthesised from glycolic acid and other -hydroxy acids for 
industrial application were abandoned because of the resulting polymers’ long-term 
instability. However, this instability was found to be attractive for medical applications 
as it resulted in biodegradation, which can be accomplished by synthesising polymers that 
have hydrolytically unstable linkages formed between monomers. Said linkages can be 
cleaved in the presence of an aqueous media, and can be as rapid as 1 to 2 months for 
polylactide-co-glycolide (PLGA), to over two years for polycaprolactone (PCL) [127, 
128]. Thus, polymers provide a broad degradation range that can be personalised to 
specific tissue repair rates. Polymers can further be tailored by varying molecular weight, 
crystallinity and morphology, which again can be tuned towards desirable mechanical 
properties and rate of degradation [127, 128].  
 In addition to possessing desirable bioresorbable properties, polymers are 
relatively inexpensive to manufacture, compared to ceramics and metals, and can be 
processed by a wide variety of fabrication techniques. However, the drawbacks of 
polymers are their inherently poor mechanical properties for load-bearing usage, and lack 
of osteoconductivity. For example, in vivo results demonstrated near-complete 
degradation of PLGA, with new bone generated bridging the defect site. However, no 
bone-implant intimate contact was observed, and hence the authors concluded that the 
substrate behaved as a ‘tissue spacer’ [129]. The failure to bond to the surrounding tissue 
may be more problematic in load-bearing application where the prevalence of implant 
loosening is greater. However, both the mechanical properties and osteoconductivity 
drawbacks can be addressed by compositing the polymers. For example, PCL, a widely-
researched BGS polymer, possess compressive strength typical of most polymers at 
below 1 MPa [130-133]. A remarkable strength of 47 MPa was recently achieved when 
PCL was composited with hydroxyapatite, in addition to imparting HA’s osteoconductive 
properties [134]. However, this will need to be investigated in vivo, as rapid strength 
losses can occur as a result of degradation even with an initially high strength [135]. 
Moreover, and similar to metallic implants, degradation of the polymer products induces 
a local acidic change to the physiological milieu that can also have adverse effects on the 
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surrounding tissues. For example, previous work has shown PCL to induce inflammation 
and apoptosis [136, 137].  
 
2.3.3.3 Bioactive-Glass 
 Bioactive -glasses (BG) are a group of synthetic glasses with unique bone-bonding 
characteristics. The first bioactive-glasses were based on a four-component network of 
silica (SiO2), sodium oxide (Na2O), calcium oxide (CaO) and phosphate (P2O5) [138], 
and have been extensively used in clinical applications in the form of particulates and 
solids [114]. The bioactivity of BG can be favourably tailored by varying the glass 
composition. 
In vitro studies have shown that bioactive-glasses induce osteogenesis by 
stimulating the growth and proliferation of osteoblasts, as well as stimulating multipotent 
bone marrow cells [139, 140]. The chemical mechanism of bioactive-glass reaction is 
initiated after contact with body fluids, and subsequently, rapid ion exchange occurs 
between the extracellular fluids (ECF) that results in the dissolution of Si, Na, Ca and P 
ions. A silicon-rich layer forms through polycondensation of the hydrated silica groups, 
after which calcium and phosphates precipitate therein from the ECF [141, 142]. The 
newly-formed calcium phosphate layer provides a template for the formation of new bone 
by attracting extracellular proteins, and subsequently the cellular mechanism ensues. 
Sodium ions also play a role in the exchange between the implant and ECF [114]. The 
coating or incorporation of BG with metals and polymers have been thoroughly 
researched, as typical bio-metals and bio-polymers do not possess the aforementioned 
elements [139, 143, 144]. 
The action of BG enhances osteoblast activity, which in turn allows the defect site 
to proceed with bone remodelling. In vivo studies demonstrated the significant new bone 
formation and high local bone turnover achieved with bioactive-glass. In comparison to 
the control group (i.e. free of bioactive glass), in which new bone formation peaked at 
two weeks and decreased thereafter, fracture sites filled with bioactive glass microspheres 
continued to promote new bone formation; by the eighth week after operation, twice as 
much bone had formed than the control group [114]. 
As mentioned, the composition of bioactive-glasses can be modified, with doping 
of the aforementioned silica-based composition with copper, strontium or zinc promoting 
  32 
angiogenesis. Traditional bioactive-glasses, including the widely-researched Bioglass®, 
exhibit poor mechanical properties, with strengths comparable to cancellous bone, and 
hence not suited for load-bearing application. Ceramifying the BG can obviate this issue, 
as demonstrated by Roohani-Esfahani et al. (2016) [145], whereby a scaffold with a 
porosity and compressive strength of 60 vol% and 139 MPa, respectively, was achieved 
using a proprietary glass-ceramic. In addition to possessing compressive strength 
comparable to cortical bone, in vitro and in vivo results revealed enhanced expression of 
osteogenic-related genes, and no adverse effects when implanted. However, one 
drawback of glass-ceramics is that the bioresorptioon is sacrificed [146]. Thus, further 
research is needed to balance high strength with resorbability.  
 
2.3.3.4 Ceramics 
Ceramics are brittle in nature, with poor tensile and fracture toughness properties. 
However, their excellent biological properties and no cytotoxicity cannot be disregarded, 
and for those reasons, there is ardent interest in producing BGS using ceramics [147]. 
There are a number of ceramics that display bioresorbable characteristics with excellent 
osseointegration, which is in contrast to metals. As mentioned, bioresorbability precludes 
the need for a second surgery, thereby halving surgery-associated risks. The advantages 
of ceramics over polymers are that intimate bonding between implant and tissue can be 
achieved, superior strength, and the degraded products do not induce inflammation [136]. 
Furthermore, the ceramic hydroxyapatite (Ca10(PO4)6(OH)2) (HA) has been demonstrated 
to induce bone regeneration in its synthetic form [148]. HA belongs to a sub-group of 
non-toxic ceramics referred to as calcium phosphates (CaP), which possess excellent 
bioactivity and varying rates of bioresorbability. Other ceramics are also biocompatible 
and have been clinically used as orthopaedic implants, such as zirconium oxide and 
aluminium oxide. These oxides generally have mechanical properties greater than CaP, 
however, they are not bioactive. Thus, one aim of CaP is to match the mechanical 
properties of alumina and zirconia without loss of bioactivity. As calcium phosphates are 
the focal materials researched in this project, they are given their own section in this 
chapter.  
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2.3.4 Calcium phosphates 
Calcium phosphate ceramics are among the most widely utilised bioactive materials for 
dental and orthopaedic applications. They have been used in the form of granules, 
cements and porous scaffolds, as well as coatings for metallic implants [149]. This is due 
to their compositional resemblance to biological apatite that may allow the ceramics to 
be osteoconductive, osteoinductive and resorbable [150, 151]. Examples of CaP include 
tetracalcium phosphate, - and -tricalcium phosphate (TCP), and hydroxyapatite. Each 
CaP has unique mechanical and biological characteristics, and combination of the two, 
referred to as biphasic calcium phosphates (BCP), are implemented to tailor scaffold 
properties. For instance, HA can be combined with TCP, where the extent of dissolution 
depends on the HA-to-TCP ratio [152]. An additional attractive feature of CaP is their 
ability to form a strong bond with the surrounding tissue, which consequently yields a 
strong interaction between implant and bone (Fig. 2-10 and Fig. 2-11). This is achieved 
by their ability to elicit a cellular event from the host akin to that of natural bone, which 
include osteoclasts and osteogenic cells. Moreover, elements with a positive mechanical 
or biological effect can be ionically substituted into the CaP lattice to achieve the desired 
property, and hence extending their versatility. 
Stoichiometric HA belongs to a general group of ceramics known as apatites, 
represented by the formula: 
    Me10(XO4)6Y2 
Where Me is a divalent cation, XO4 is a trivalent anion and Y can be a monovalent anion 
[153]. The chemical formula for hydroxyapatite is Ca10(PO4)6(OH)2, which is the double 
chemical formula as a result of two formula units found in the unit cell of HA. There are 
two known polymorphs of hydroxyapatite: monoclinic and hexagonal. The former 
polymorph, which occurs in the monoclinic space group P21/b, is easily destabilised in 
the presence of contaminants. For that reason, the hexagonal form, with a space group of 
P63/m, is more prevalently encountered in biological apatites [50].  
The lattice parameters of the hexagonal structures are: a = 9.418 Å, c = 6.884 Å 
(ICD PDF No. 9-432). It contains crystallographically two cation sites, Ca(I) and Ca(II), 
and two separate anionic sites occupied by phosphate and hydroxyl group. There are four 
Ca(I) present in the unit cell, which are bonded to nine oxygen atoms. There are also six 
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Ca(II) present, which are surrounded by seven oxygen atoms, with the oxygen atoms of 
the hydroxyl group situated either above or below the cationic site [50].  
The structure of bone apatite is different from stoichiometric hydroxyapatite that 
is typically synthesised in the laboratory. The former contains non-apatitic carbonate and 
hydrogen phosphate groups, substituted into the Y2 and XO4 group, respectively. These 
non-apatitic components are structurally and physically unstable, and are also reactive. 
The reactive nature provides particular physiochemical, biological, and chemical features 
important for the formation and dissolution of the apatite crystals within the physiological 
milieu. The non-apatitic substitutions decrease the crystal size, which results in an 
increase to the surface area compared to stoichiometric HA [154]. In addition, bone 
apatite contains traces of elements including magnesium, copper, zinc, fluoride and 
potassium [155]. Fig. 2-9 provides examples of where cationic and anionic doping could 
occur. 
 
 
Fig. 2-9. Schematic depicting the structural unit of hydroxyapatite, taken from the 
perspective along the c-axis of the hydroxyl channel environment. The figure illustrates 
the positioning of the two calcium sites, the phosphate and hydroxyl group, and in 
relation to one another. The schematic also provides examples of where possible ionic 
doping could occur [50]. 
  
Similarly, TCP has been extensively researched as granules, scaffolds and surface 
coatings. TCP exists as different polymorphs, which affects the rate of resorption [156], 
however, these materials are generally mechanically weaker than HA. A comparison of 
the compressive strengths between HA- and TCP-honeycomb extruded scaffolds is the 
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subject of Chapter 5. The difference in the properties of hydroxyapatite and β-TCP are 
enumerated in Table 2-3. The properties, including solubility, thermal stability and 
mechanical properties, of calcium phosphate are a function of their crystal structure. The 
bioresorpability of CaP is governed by their solubility [157-161]. The stability of CaP 
was also verified by computer simulations [162]. Previous work has revealed that the 
inclusion of the hydroxyl group yields a greater atomic order, and thus more stable [159, 
163, 164]. Consequently, the increase in stability decreases the bioactivity and 
osteoclastic resorption thereof [160]. This could explain why hydroxyapatite has a lower 
rate of bioactivity than β-TCP, as the latter does not have a hydroxyl group within its 
lattice. Another study has shown that the biphasic composition of β-TCP and HA yields 
higher bioactivity with increasing content of β-TCP [157]. Another factor are the lattice 
constants of the material. Moreover, the properties of CaPs may be influenced by their 
respective lattice constants. Investigations into the effect of magnesium-substituted β-
TCP revealed that doped calcium phosphate was more stable than in its pure form; which 
was a reflection of a decrease in its lattice constants, and thereby resulted in a lower 
solubility [165, 166]. Conversely, ionic substitution of HA that leads to the expansion of 
crystal lattice increased its solubility [167]. Other studies have shown that a decrease in 
lattice constants produces CaP with greater mechanical properties [168, 169]. As 
previously, mentioned the Ca/P ratio also affects bioactivity, with a ratio of 1.5 reported 
to be more soluble than 1.67, and values below of 1.0 are not recommended because of 
their high solubility [24]. Royer et al. (1993) also demonstrated that the Ca/P ratio impacts 
the flexural strength of CaP; with optimal flexural strength observed between 1.60 and 
1.66, with ratios outside this range exhibiting lower flexural strength [170]. A peak in 
strength at Ca/P ratio of approximately 1.67 has also been documented, with an 
exponential decrease in strength at higher ratios [171]. Crystal defects have also been 
reported in β-TCP and inferred to contribute to its bioactivity [172]. Other factors that 
also influence bioactivity include the surface charge and the capacity of the binding sites 
available for, for example, protein binding [173-179]. Therefore, the fundamental 
properties of calcium phosphates has an effect on their biological and mechanical 
properties. Comparing HA and β-TCP, the most frequently researched CaPs, the former 
possesses a higher Ca/P ratio, shorter lattice constants and a hydroxyl group, which all 
contribute to its relatively slower rate of bioactivity.  
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2.3.4.1 Stability in physiological systems 
Calcium phosphate resorption is both cell- and dissolution-mediated [180]. The formation 
and dissolution of CaP is affected by the particle morphology and crystallinity thereof. 
Some CaP are insoluble in water with most being barely soluble in water. However, CaP 
solubility can vary with pH, temperature and the composition of the surrounding body 
fluid. CaP dissolutions occurs as a result of the exchange at the liquid-solid interface 
between implant and extracellular fluid, for all CaP. Calcium, phosphate and other ionic 
impurities, are transferred from the solid to the aqueous liquid phase through surface 
hydration of calcium and phosphate species. Equally, ionic transfer occurs from the liquid 
to the solid phase, wherein apatite nanocrystals form on the surface of the biomaterial 
[153]; in the presence of proteins, the de novo surface can contain both mineral and 
organic compounds. The dissolution is affected by the degree of crystallinity, with low 
crystallinity results in faster resorption [181]. Moreover, increasing the surface area via 
porosity can accelerate the ion exchange, and thus enhance resorption. 
In vitro studies revealed that the surrounding proteins play a role in the ionic 
exchange mechanism. Their interaction with CaP is again dependent on particle size, 
composition and texture, but also on the proteins’ features [182, 183]. Proteins can 
support or inhibit calcium phosphate nucleation and growth. For example, 
phosphorylated proteins were found to nucleate and grow calcium phosphate crystals 
[184]. In addition, proteins can adsorb onto the CaP substrate, and their adherence can 
either obstruct or facilitate the nucleation sites of CaP, thereby indirectly affecting apatite 
deposition. Biological tests had discovered bone cells, such as osteoblasts, adhere to the 
surface of the CaP substrate, in order to initiate the differentiation phase. Proteins are 
once again involved in this process, where integrin proteins form an adhesion between 
cell and substrate. The osteoblasts then secrete the relevant molecules for cell 
differentiation to take place [153]. 
Several parameters of calcium phosphates influence cellular activity [185]. The 
substrate’s surface affects cell interaction, with both surface charge and topography 
contributing to cellular activity. Cells have been reported to sense and use topography as 
guidance for mineral deposition by varying the rate of proteins secreted by osteoblasts.
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Table 2-3. The formula, Ca/P ratio, crystal structure, symmetry, lattice constants, density solubility and stability of hydroxyapatite (HA), α- and 
β-tricalcium phosphate (TCP) and tetracalcium phosphate (TTCP). (*could not be precipitated from aqueous solutions) [158, 186]. 
CaP Formula Ca/P 
ratio 
Crystal 
Structure 
Symmetry Lattice 
Paramters 
(Å) 
Density 
(g/cm3) 
Solubility at 25 °C 
(-log(Ksp)) 
 
pH stability range in 
aqueous at 25 °C  
HA Ca10(PO4)6(OH)2 1.67 Hexagonal P63/m a = b= 9.43 
c= 6.87 
3.16 116.8 9.5-12 
β-
TCP 
Ca3(PO4)2 1.5 Rhombohedral  R3c a= b=10.43  
c= 37.39 
3.07 28.9 * 
α-
TCP 
Ca3(PO4)2 1.5 Monoclinic P21/a a= 12.88 b= 
27.28  
c = 15.21 
β = 126.20° 
2.86 25.5 * 
TTCP Ca4P2O9 2.0 Monoclinic P21 a = 7.023 
b= 11.986 
c= 9.473 
β = 90.9 
3.05 38-44 * 
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Similarly, surface charge has also been evinced to improve osteoblast behaviour, 
however, such advantage is short-lived as similar osteoblastic activities were eventually 
observed irrespective of surface charge [183].  
Indeed, the surface topography will vary as dissolution progresses, due to the 
variation in free calcium and phosphate. Hence, the cellular activity is temporal-
dependent. Furthermore, as the biomaterial contributes to the free calcium and phosphate, 
the composition of CaP (e.g. Ca/P ration) also impacts cellular activity, via the 
mechanism described above (section 2.1). The solubility, and other properties, can be 
controlled through ionic substitution. The HA lattice includes several exchangeable sites 
that accommodate both anionic and cationic substitution [187]. Of interest are magnesium 
and silicon substitution that promote angiogenesis, and strontium for enhanced 
osteogenesis. An example of bone integrating to a silicon-doped hydroxyapatite implant 
are presented in Fig. 2-10 and Fig. 2-11.  
 
 
Fig. 2-10. Enhanced bone formation due to HA substituted with 10 wt% strontium. The 
figure demonstrated toluidine blue-stained photographs of the proximal tibiae with (a) 
HA and (b) 10 wt% Sr-HA implant  three months post implantation [188]. 
 
Furthermore, dopants can increase HA solubility by distorting the PO4 tetrahedra 
[189]. For example, a charge imbalance created by the replacement of PO4 for SiO4 
increases the electronegativity of the HA surface, which has been linked to increased 
surface adhesion. Furthermore, and as mentioned above (section 2.3.3.3), silicon 
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dissolution promotes a silicon-rich layer that propagates bone bonding thereafter. For 
tricalcium phosphate, an in vivo study found that dissolution was the predominant 
degradation route [190], and hence the process is phase-dependent for calcium 
phosphates. The process is also dependent on the size of fragments, whereby dissolution 
is favoured in larger fragments [191]. 
Cell-mediated CaP resorption is driven by macrophage osteoclast activity. The 
process is similar to that observed for natural mineral resorption (section 2.1.2.1), wherein 
a sealing zone is formed on the substrate, and hydrogen ions and lysing enzymes are 
secreted [192]. Furthermore, the osteoclast activity can be inhibited when the release of 
Ca2+ exceeds a certain threshold [153], and thus the initial calcium composition of the 
CaP affects the rate of material degradation. In addition to calcium ions, dopants can 
affect the rate of resorption. For example, fluoride and zinc have been revealed to inhibit 
osteoclast behaviour. Conversely, the incorporation of carbonates can accelerate 
osteoclast resorption. Once more, surface energy and topography are known to influence 
osteoclast adherence, with a rougher surface enhances adherence thereof [153].  
 
 
Fig. 2-11. More histological evidence demonstrating new bone formation (delineated as 
NB) due to hydroxyapatite scaffolds. The researchers also reported the process was 
mediated by osteoblasts and osteoclasts (black arrows) [148].  
 
In addition to the surface, the bulk morphology influences bioactivity, namely the 
previously discussed porosity. It was surmised that osteoinductivity of CaP scaffolds may 
be due to the entrapment and concentration of growth factors, which are directly involved 
in osteoblast differentiation, by the combination of both micro- and macro-porosity.[187, 
193]. 
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In summary, calcium phosphates possess exceptional biological responses, thus 
making them a unique sub-group of ceramics for orthopaedic applications. Their 
necessity is further highlighted by their use as the reinforcing phase in polymeric 
scaffolds and coatings for metallic implants, aimed at both imparting desirable 
mechanical and biological properties. CaP can also be used as cements, granules and 
scaffolds, hence further demonstrating their utility as BGS. Moreover, CaP can be 
favourably tuned by ionic substitution to vary their biological and mechanical properties. 
As mentioned, different bone sites exhibit varying strengths and healing rates, and hence 
the ability to tailor both is desirable.   
To review, the ideal bone graft should be (i) resorbable, (ii) osteoinductive and 
osteoconductive, and (iii) mechanically strong. It is the latter point that has restricted CaP 
usage for load-bearing application. Although, dense HA can be fabricated to possess 
compressive strengths several folds greater than cortical bone, the strength decreases 
significantly when pores are introduced. Consequently, fabrication of porous CaP 
scaffolds typically results in compressive strengths significantly lower than what is 
required for weight-bearing. A few factors have already been mentioned that can be 
researched to improve this, such as the versatility of HA to be ionically-substituted. 
However, scaffold strength is also a function of the fabrication technique employed, and 
thus consideration should be given thereto. Recently, techniques capable of achieving 
structured porosity have demonstrated promising compressive strength values. The 
following section explores the conventional fabrication techniques used, as well as state 
of the art techniques. 
 
2.4 Porous Scaffold Fabrication Techniques 
Porosity is a key component for attaining the ideal bone graft substitute, and there are a 
variety of fabrication techniques used to generate porous calcium phosphate scaffolds. 
Osteoconductive properties of CaP are partly attributed to scaffolds exhibiting macro-
pores of above 100 m in size, with a total interconnected porosity of at least 60 vol%. 
These requirements correspond to that of cellular ceramics [187, 194]. Examples of 
cellular ceramic fabrication techniques that are either widely researched for BGS, or of 
interest to this work are described in this section.  
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Fig. 2-12 delineates the processing steps involved in conventional ceramic 
fabrication techniques. The steps involved include mixing of the raw materials, which 
typically consist of a ceramic, organic additives and solvents. This is followed by the 
fabrication step that shapes the admixture of raw materials into a scaffold, and may 
include the incorporation of pores therein. The final stage is a sequence of heat treatments 
used to remove the organic additives and solvents, as well as sintering the ceramic 
particles to achieve permanence.  
 
Fig. 2-12. Schematic depicting the general processes involved in fabricating a porous 
scaffold. 
 
2.4.1 Gel Casting 
Gel casting is a near-net porous forming technique that has been widely researched as a 
CaP fabrication route [195, 196]. The process entails the in situ polymerisation and 
gelation of organic additives that are subsequently thermally degraded once dried. The 
gelation of the additives results in rapid casting, and an interconnected porous structure 
with typically spherical pores. Although the technique is rapid and simple, CaP with low 
compressive strengths have been attained thus far (below 20 MPa [197, 198]), which 
make it unsuitable for load-bearing application.  
 
2.4.2 Sacrificial Technique - Foam Replication  
The foam replication method revolves around using a foam-like material, typically 
polyurethane sponge, that is dipped into a ceramic slurry [199]. The slurry comprises CaP 
powder, organic additives and a solvent. The CaP slurry adheres to the foam template to 
form a green body that is then dried, de-bound and subsequently sintered to generate a 
porous scaffold. The porosity and scaffold geometry are controlled by the foam-like 
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material, hence tailoring scaffold features using this technique can be achieved by varying 
the foam template. For example, if pore sizes of 500 m are needed, then a polymer 
template with comparable pore sizes is selected.  
This technique is relatively simple, inexpensive and requires minimal components. 
The pores attained are highly interconnected, and varying pore sizes can be generated, 
albeit with a stochastic orientation. Scaffolds fabricated by this method are mechanically 
weak, as Table 2-4 demonstrates. It has been surmised that the stochastic porosity and 
the high polymer content are the cause of the poor mechanical properties. The extraction 
of polymer can lead to residual stresses within the scaffold. Additionally, the extraction 
of polymer results in hollow struts, which are mechanically weak [187]. 
 
Table 2-4. Examples of porosity, pore sizes and compressive strengths of scaffolds 
fabricated via the foam replication technique. Despite the techniques popularity, it 
produces scaffolds with weak compressive strengths. Note porous titanium scaffolds were 
fabricated using this approach with considerably low mechanical strengths. 
Group Material Porosity 
(vol%) 
Pore Sizes 
(m) 
Compressive 
Strength 
(MPa) 
Lett [200] HA 50 200 0.85 
Tripathi [201] HA ~70 100-300 1.3 
Swain [202] HA 56 50-125 0.85 
Wang [203] BCP* 77.1 200-700 1.18 
Lee [204] Titanium ~70 Undisclosed 18 
*Biphasic calcium phosphate  
 
2.4.3 Sacrificial Technique – Porogens 
Another sacrificial technique is the use of porogens, also referred to as pore formers, 
wherein additives are used to generate the pore phase. In this approach, the porogens are 
dispersed within a ceramic slurry, and the extraction thereof, whether through thermal or 
solvent extraction, generates the pores. This approach can in its simplest form be 
combined with dense ceramic fabrication processes, for example powder compaction 
techniques, to generate porous structures. In addition, porogens have been utilised in 
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conjunction with other porous fabrication techniques, such as freeze-casting [205] and 
additive manufacturing [206], to further tailor the pore morphology, including pore sizes 
and interconnectivity. Examples of were porogens have been used are tabulated in Table 
2-5. Drawbacks of using porogens is the lack of control with regards to their dispersibility, 
as some have been known to agglomerate resulting in unwanted pore sizes. Moreover, 
the possibility of imparting residual stresses is of concern.  
Table 2-5. Examples of porogen use in hydroxyapatite fabrication. Porogens are used to 
alter the pore architecture of scaffolds, and have been incorporated in various fabrication 
techniques. 
Group Technique Porogen Agent Comments 
Liu [207] Cold Pressing PVB* Impart desirable pore sizes to 
an otherwise dense ceramic 
fabrication technique. 
Liu [208] Slip Casting PVB* Impart desirable pore sizes to 
an otherwise dense ceramic 
fabrication technique. 
Dash [209] Gel Casting Naphthalene Used naphthalene to further 
tailor pore morphology 
Zuo [205] Freeze Casting PMMA** Experimented with PMMA of 
varying particle sizes 
Koh [210] Ceramic 
Extrusion 
Carbon Black Impart desirable pore sizes to 
an otherwise dense ceramic 
fabrication technique. 
*Poly vinyl butryal 
**Poly(methyl methacrylate) 
  
2.4.4 Gas Foaming 
Gas foaming was developed to avoid using large polymer quantity and toxic solvents. 
The process entails the pressurised use of an inert gas, such as nitrogen, to generate gas 
bubbles within a polymer mould. The advantages of this technique include high macro-
pore sizes generated and high porosity values. However, due to the lack of control over 
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the formation of the gas, it is difficult to control the pore architecture of the scaffolds. 
Consequently, forming interconnected porosity, and controlling pore diameter is a 
challenge [211, 212].  
 
2.4.5 Freeze-casting 
Freeze-casting involves the sublimation of a CaP slurry to generate porosity. In this 
technique, the solvent, which acts as a temporary binder, is first frozen to compact the 
ceramic particles and forms distinct frozen phases. Upon sublimation, the frozen phases 
are removed thus generating pores. The advantages of the technique include periodic 
porosity, interconnectivity and high compressive strengths [213]. However, the 
disadvantages of freeze-casting include limited porosity geometry and limited macro-
pore sizes. Furthermore, concerns have been raised whether the technique can be 
industrially scaled, and if large-sized scaffolds can be generated [214]. 
 
2.4.6 Injection moulding 
Hydroxyapatite has been fabricated using ceramic injection moulding (CIM) [215, 216]. 
CIM is widely used in numerous continuous manufacturing applications, including 
metals, glass and elastomers. The process involves injecting heated ceramic particles 
enveloped by thermoplastic polymers into a mould, after which the green body is allowed 
to cool down. The advantages of CIM are complex shapes can be fashioned; varying 
porous architecture, including graded porosity can be formed; and industrially scalable 
with a high degree of accuracy [217, 218]. Currently, porosity of less than 40 vol% has 
been achieved, with an elastic modulus of approximately 2 GPa [216], which make 
scaffolds fashioned by CIM unsuitable for load-bearing applications (trabecular: 6.9 GPa; 
cortex: 25 GPa [219]).  
 
2.4.7 Solid Freeform Fabrication 
Solid freeform fabrication (SFF) are considered to be the state of the art for fabricating 
materials, including metals, glass and polymers. There are several SFF techniques that 
use different means to form three-dimensional, porous structures in an additive manner; 
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the commonality being the use of a computer-aided design for generating structures layer-
by layer. This allows for complex geometries to be obtained, with a relatively high spatial 
resolution. SFF approaches include the use of a laser to sinter CaP powders layer-by-layer 
[220], or an inkjet print-head that deposits inks that bind adjacent CaP powders to form 
green bodies [221].  
Of particular interest is robocasting, or also referred to as direct ink writing. The 
technique is a modified version of ceramic extrusion, whereby a ceramic paste is extruded 
through a computer-numerically-controlled nozzle. The paste is deposited layer-by-layer 
and can achieve relatively high spatial resolution. This technique has been demonstrated 
to attain high compressive strengths for HA [222], as well as bioactive-glass [145], that 
are comparable to cortical bone. However, like other SFF techniques, robocasting is still 
in its infancy, and more work is needed to address existing issues, such as cost, fabrication 
of large-sized scaffolds and industrial scalability [105, 214].  
 
2.4.8 Summary of Fabrication Techniques 
To summarise, there are several techniques that can be used to fabricate calcium 
phosphate scaffolds with desirable porosity. In all of the aforementioned techniques, the 
process starts with CaP raw powders that are then shaped and sintered to attain 
permanence. Furthermore, all of the techniques use polymers in varying capacities, such 
as binders, pore formers, or foam templates. However, as mentioned, polymers can have 
a detrimental effect on the final scaffold. Indeed, polymers are needed for most 
fabrication techniques, however, minimising polymer content will facilitate downstream 
processes. One fabrication technique that has not been thoroughly explored is ceramic 
honeycomb extrusion. Using this method, interconnected pores are generated by physical 
means, thereby minimising the need for polymers and chemistry knowledge. In addition, 
the interconnected pores can be achieved in a controlled manner and tailored with respect 
to size and morphology. The following section will present the rationale for using ceramic 
honeycomb extrusion for fabricating bone graft substitutes.  
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2.4.9 Processing Parameters  
2.4.9.1 The effect of the Raw Ceramic Powder on the Finished Product 
The fabrication process of most bioscaffolds commences with the raw ceramic powder, 
and the processing parameters applied thereto affects the final scaffold properties. A 
powder consists of particles with a relatively large surface area per weight, which confers 
the advantage of easily being sintered when subjected to high temperatures; forming a 
single, large coalesced body [223]. The selection criteria for powders depend on the final 
properties of the finished article desired. For most research, the goal is to achieve a high-
strength scaffold comparable to that of natural bone, and for that the particle morphology 
and chemical purity of the powder are important. For powder morphology, spheroidal 
particles are favoured as they are likely to attain a higher sintered density than acicular 
morphologies [224, 225], with a previous study further demonstrating the incorporation 
of the latter into a spheroidal particulate system decreases the mechanical properties as a 
direct result [226]. It is worth noting that acicular have the potential to achieve a high 
sintering density, but this requires a technique capable to orienting the particles in a 
manner that improves particle contact [227].  
Another particle property to consider is the particle size distribution. Similar to 
morphology, the goal is to achieve a particle size distribution that can maximise particle 
packing. A powder consisting of unimodal particle size results in over 30% voids spaces, 
and hence is not considered ideal for packing [228, 229]. Spath et al. (2015) have 
circumvented this problem by adding 25 wt% relatively finer particles, which resulted in 
a higher particle packing, and consequently, improved the mechanical strength of their 
HA scaffolds by 55% compared to the strength of single particle fraction [230]. 
Cunningham et al. (2009) examined two powders and reported a higher solid loading with 
their HA slurry when the powder exhibited a wider particle size distribution [231]. 
Kaviani and Zamanian (2015) revealed that the incorporation of nano-sized HA particles 
into micron-sized HA particle, resulted in freeze-casted scaffolds with higher mechanical 
strength [232].  
Regarding the particle size themselves, this will depend on the fabrication 
technique. For example, Zamanian et al. (2013) investigated the effects of raw powders 
with particle sizes of 1.69 and 3. 9 m on freeze-casted scaffolds, and discovered that the 
latter yielded scaffolds with higher compressive strengths, across sintering temperatures 
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ranging from 1250 to 1350 C; with increases ranging from 37.5% to ~250% [233]. 
Michna et al. (2005) demonstrated that by increasing the particle size via calcination from 
nano to micron-sized a higher hydroxyapatite solid loading could be achieved during slip 
formulation [234]. The same was observed by Ryabenkova et al. (2017) when they 
compared two different powders that had particle sizes below 100 nm: they found the 
finer powder (cross-sectional area of 182 nm2) exhibited a ten-fold increase in initial 
viscosity compared to the relatively coarser powder (cross-sectional area of 410 nm2), 
thereby resulting in a lower solids loading [235]. 
Furthermore, the starting powder purity will also need to be considered, as this is 
correlated to thermal stability [236] and mechanical properties [237]. Stoichiometric HA 
possess a calcium-to-phosphate (Ca/P) ration of 1.67, and, for example, reducing the ratio 
results in HA powder with higher tendency to transform into tricalcium phosphate [238, 
239]. Prior studies have demonstrated that a stoichiometric hydroxyapatite powder 
exhibits higher mechanical properties over a non-stoichiometric hydroxyapatite powder 
[237]. Chaudhry et al. (2011) demonstrated that the Ca/P ratio of HA powders effects 
their propensity to decompose into tricalcium phosphate. A Ca/P ratio of 1.39 was found 
to decompose into TCP at 950 C, whereas no sign of secondary phases where observed 
at 750 and 850 C by XRD. In contrast, their HA powder with a Ca/P ratio of 1.42 
displayed no evidence of TCP at 1000 C; furthermore, they revealed the higher Ca/P 
resulted in scaffolds with smaller grain sizes [240].  
However, Merry et al. (1998) found no significant difference in flexural strength 
between stoichiometric and non-stoichiometric HA [241], whereas Raynaud et al. (2002) 
evidenced a higher flexural strength with HA with a Ca/P ratio of 1.65 compared to the 
stoichiometric 1.67 [242]. Mostafa (2005) reported that a powder possessing Ca/P ratio 
of 1.58 achieved a sintering density of ~ 90% and a compressive strength of 87 MPa; 
whereas a powder with a ratio of 1.67 achieved a maximum sintering density and 
compressive strength of ~75% and 58 MPa, respectively [243]. These studies suggest that 
there are other factors to consider alongside the Ca/P ratio. The presence of hydrogen 
phosphate in the starting raw material is indicative of calcium-deficient hydroxyapatite, 
and has been noted to expedited phase decomposition during sintering [244-246]. 
In summary, the particle properties will need to be considered holistically with 
regards to both particle morphology and purity. Thus, characterising the powder using 
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scanning electron microscopy to determine morphology; surface area analysis to 
determine surface area; particle size analysis to determine particle size and distribution; 
as well as x-ray diffraction and vibrational spectroscopy will be needed to determine the 
phase purity thereof. Such characterisations will elucidate the nature of the raw ceramic, 
and help identify possible traits that can be modified to maximise the mechanical 
properties of the scaffold. 
 
2.4.9.2 Solids Loading Depends on the Fabrication Technique 
Most fabrication techniques entail the use of organic additives to plasticise the 
hydroxyapatite, and thereby allowing it to be shaped. Thus, there is a limit to the 
maximum amount of hydroxyapatite within the admixture, and this is frequently referred 
to as solids loading. However, a balance is needed between achieving a high solids 
loading, which minimises defect occurrence and article shrinkage; with the organic 
additives to allow the HA to be shaped [228]. With all other factors being equal, previous 
studies have demonstrated that a higher solids loading yields higher compressive 
strengths, but at the expense of porosity [213, 247-249]. The maximum solids loading 
that can be achieved will indeed depend on the fabrication techniques working viscosity, 
the solvent’s hydrogen-bonding abilities, and any other additives used [223]. Solids 
loading used for fabricating porous CaP scaffolds vary greatly, from as low as 5 vol% 
[250] to 60 vol% [251], but generally the values are between 30-55 vol% [209, 252-257]. 
 
2.4.9.3 Removal of the Organic Additives  
The organic additives employed to achieve a workable HA material will need to be 
removed to obviate the formation of defects in the finished product. If a solvent is 
incorporated then drying thereof will be required. Depending on the solvent this can be 
achieved at room temperature [239, 258, 259], or oven-dried at, for example at 70 C 
[260] or 110 C [200]. The duration can vary from three days [261]  to as short as one 
hour [260], with a drying duration of  ≤24 hours numerously used [239, 258, 262-264].  
Where a polymer is incorporated, then extraction thereof will be required. Of the 
available methods, the thermal approach is most frequently utilised, whereby high 
temperatures are used to burn-out the organic additives [229]. Here, process 
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considerations include the temperature of burnout, the dwell time and at the heating rate. 
The temperature at which to extract the polymer will depend on the degradation 
temperature thereof, which thermal gravimetric analysis could be used to help elucidate. 
Investigating the literature revealed that the temperature of extraction varied from 250 to 
900 C [265, 266], however two former studies foregone a dedicated debinding stage 
[267, 268], and a multi-stage temperature approach has been previously incorporated 
[269-271]. Hitherto heating rates varied from 0.3 to 15 C/min [261, 272], however the 
latter is seldom used with numerous researchers opting for a rate of 3 C/min or below 
[255, 265, 270, 273-275]. Regarding the dwell time, this ranged from 0.5 [265] to 20 
[276] hours, with a dwell time of 4 hours or less most frequently selected [255, 269, 275, 
277]. The dwell time is a function of additive content and the thickness of the green-body. 
For instance, producing a large green-body will require more time for additive extraction 
due to the distance the binder travels therein [229]. In summary, a range of thermal 
parameters have been previously used, and verily TGA and other thermal techniques will 
be needed, for example dilatometry and differential scanning calorimetry, to facilitate the 
decision making.  
 
2.4.9.4 Achieving Permanence of the Hydroxyapatite Scaffold  
The process of sintering is needed to produce a single, coalesced body from a particulate 
system. Previous studies have achieved this with temperatures as low as 600 C [201, 
278]. Different dwell periods and heating rates have also been used, ranging from 1 to 10 
hours [201, 279, 280], and 1 to 10 C/min [278, 281], respectively. Indeed the sintering 
parameters will depend on the processing stages proceeding the sintering stage, such as 
the purity of the raw powder, and size of article to be sintered. Previous studies have 
suggested that higher sintering temperatures (above 1000 C) results leads to better 
biological properties, such as osteocalcin, bone sialoprotein, and osteonectin protein 
production; and cell proliferation is higher too; whereas Type I collagen production was 
comparable between both sintering temperatures [282, 283]. However, at elevated 
temperatures the problem of phase transformation is encountered, which has been 
previously reported to occur at a temperature as low as 700 C [284], but occurring more 
frequently at temperatures above 1100 C [209, 239, 281]. As previously stated, the phase 
purity of the raw powder affects the phase stability of the ceramic at elevated 
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temperatures, with other studies sintering until 1300 C or above without evidence of 
phase decomposition [213, 232, 247, 285].  
 
2.4.9.5 Chemical Structural Analyses for Determining Phase Purity 
It is evident that the phase composition of hydroxyapatite requires monitoring, 
particularly when subjected to high temperatures when it is susceptible to phase 
transformation. Determining phase composition could be achieved through different 
methods. Although thermal analyses provide an intimation [286-288], particularly when 
scanning for events over a wide temperature range, physicochemical characterisation 
techniques are better suited thereto. Two of the most frequently used physicochemical 
techniques used to determine phase purity are XRD and FTIR.  
XRD is employed to confirm the phase composition of HA because it is able to 
provide a unique pattern thereof with respect to its crystal structure. Fig. 2-13 presents an 
XRD pattern of bone apatite (a), nano-sized crystals, crystalline HA (b) and a highly 
crystallised HA (c). The figure illustrates a highly crystallised HA has peaks at 
approximately 26, 28.5, 29.5, 32, 32.5, 33, 34.5, 35.5, 39.5 and 40. Thus, a 
pattern conforming thereto confirms the presence of HA. To further illustrate this point, 
Fig. 2-14 presents examples of commonly secondary phases found in sintered HA: -
Tricalcium phosphate (a), -tricalcium phosphate (b) and tetracalcium phosphate (c) 
XRD patterns.  
 
Fig. 2-13. XRD pattern of bone apatite (a), nano-sized crystal HA (b) and a highly 
crystallised HA (c) [289]. 
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As the figure illustrates, the CaP display an XRD pattern distinct from HA. For example, 
-TCP possesses a single intense peak at 31 not observed in HA (Fig. 2-14 (a)); -TCP 
exhibits a main peak at 30.7 that is not displayed by HA (Fig. 2-14 (b)); and TTCP has 
an intense peak at 30 that is also not observed in the XRD pattern of HA (Fig. 2-14 (c)).  
 
 
Fig. 2-14. Representative XRD Pattern of -Tricalcium phosphate (a) [290], -
tricalcium phosphate (b) [291] and tetracalcium phosphate (c) [292]. The figure 
illustrates the similarity and differences in peak position and relative intensity of said 
calcium phosphates to HA.  
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There are, however, examples of peak proximation, and in some cases an overlap, and for 
that reason a second physicochemical technique could facilitate in verifying the phase 
composition of the analysed material. 
A second technique that is widely used in the literature is FTIR. This is a 
vibrational spectroscopic technique that is relatively simple, yields reproducible data and 
only requires small amounts (micrograms) of sample for analysis [293]. FTIR elucidates 
the functional group present in the sample, which for stoichiometric hydroxyapatite are 
the phosphate and hydroxyl bands. An example of a hydroxyapatite spectrum is presented 
in Fig. 2-15, with a frequency ranging from 4000 to 500 cm-1, or a wavelength ranging 
from 2.5 to 20 microns. The figure illustrates a solitary peak at approximately 3570 cm-
1, which pertains to the hydroxyl stretching mode group. The remainder of the troughs 
are found at frequencies below 1500 cm-1: 1090 and1040 cm-1 troughs are the triply 
degenerate v3 antisymmetric phosphate stretching mode; 960 cm
-1 band is the v1 
nondegenerate phosphate symmetric stretching mode; 630 cm-1 is the hydroxyl libration 
mode vibrating; and 601 and 561 cm-1 are assigned to the triply degenerate v4 phosphate 
bending mode [294-304]. Carbonate groups may also exist in HA between 1650 and 1300 
cm-1; the presence thereof reveals a non-stoichiometric HA [299]. Hydrogen phosphate 
is another possible contaminant found in HA, which has a vibrational mode at 
approximately 866 cm-1 [246], which is characteristic of calcium deficient HA [244, 245]. 
Furthermore, the disappearance of the hydroxyl bands at ~3570 [305-307] and ~630 cm-
1 [306, 307] that is associated with dehydration, is indicative of a phase transformation to 
an anhydrous calcium phosphate, possibly -TCP. Another previously encountered bands 
include at ~ 1120 [308-311] and ~ 945 cm-1 [307, 309, 312], which have also been 
ascribed to -TCP, and verified by XRD [308-310] and EDX [309]. Regarding TTCP and 
-TCP, a broad band between 1200 to 950 cm-1 has previously been attributed thereto 
[298, 313]. Hence, FTIR is a valuable characterising technique for determining 
stoichiometric HA.  
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Fig. 2-15. A representative FTIR trace of hydroxyapatite adapted from [294]. The 
figure illustrates the frequency positions of the bands pertaining to hydroxyapatite. 
 
 
2.5 The Case for Ceramic Honeycomb Extrusion 
Extrusion is a widely used near-net fabrication technique for industrial production of 
metals, polymers, glass and ceramics with a constant cross-sectional geometry. The 
technique is favoured for its simplicity, low capital and running costs, and can be 
integrated with other technologies, such as a mixer to streamline the process of paste 
formulation and shaping [314]. Table 2-6 presents the shaping parameters of extrusion 
as well as two others commonly used for ceramics. It can be seen that extrusion provides 
a compromise between the other two shaping techniques, whereby industrially-medium 
sized articles with quite complex geometries and high green densities can be obtained; at 
a high productivity rate, whilst requiring low plant complexity and production costs. For 
this reason, extrusion is favoured for the fabrication of bricks, ceramic pipes, heat 
regenerator application, and catalytic supports for catalytic converters. In the latter two 
they are favoured as they are said to generate high strength and a high level of porosity 
[315, 316], and thus it was hypothesised that these properties could be translated to 
bioceramic fabrication.  
 
  54 
Table 2-6. Table presenting the shaping parameters of extrusion and two others that are 
commonly used: dry pressing and slip casting. Adapted from ref. [314]. 
 Dry 
Pressing 
Extruding Slip Casting 
Avg. solvent content before shaping 5 wt% 17 wt% 28 wt% 
Avg. solvent content after shaping 5 wt% 17 wt% 18 wt% 
Duration of shaping process Low Medium High 
Shaping energy consumption High Medium Low 
Green Density High Medium-High Low 
Green Deformability Low Medium High 
Shrinkage after firing Low Medium High 
Drying energy consumption Low High High 
Geometry of shaped article Simple Quite complex Complex 
Article size Small Medium  Large 
Article thickness Constant Variable High variable 
Productivity Very high High  Low 
Automation level High High Low 
Plant complexity Medium Low High 
Specific production costs Medium Low High 
 
 
2.5.1 Aspects of Ceramic extrusion 
A schematic outlining the steps involved in ceramic extrusion is presented in Fig. 2-16. 
Having formulated an extrudable ceramic paste, the ceramic extrusion process consists 
of loading a ceramic paste into a barrel and then passing it through a shaped orifice, 
known as the extrusion die. From here, the shaped body is then cut into the desired length 
that will be dried and subsequently sintered. Hence, there are two aspects to the extrusion 
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process: the extruder and the ceramic paste. A brief introduction into the extrusion facets 
is provided below, and more will be detailed in Chapter 4. 
 
2.5.1.1 Extruder 
The extruder consists of a propulsion system, the barrel and the honeycomb die. The 
propulsion system can either be piston or auger (screw) driven, and each possesses 
advantages and disadvantages [314]. The piston extruder is more suitable for a laboratory-
scaled extrusion, when compared to an auger extruder, for the following reasons: 
 Smaller material batches are required; 
 Lower moisture content is needed because less plasticity is required; 
 Easier to actuate the propulsion system; 
 Lower contamination rates; 
 Easier to clean. 
The main disadvantage of piston extrusion is the reduced throughput rate, as time is 
needed for loading the ceramic paste in-between extrusions, as well as de-airing the new 
paste. However, this is less of a concern for laboratory-scale settings. As such, piston 
extrusion was employed for this research project. 
 The barrel is where the ceramic paste is contained prior to extrusion, and has the 
die attached at one end. The extrusion die is the part of the system that provides the green 
body with the uniform cross-sectional shape. The die can range from a simply cylindrical 
orifice for fabricating ceramic rods, to a honeycomb die for fabricating a porous green 
body. 
 
2.5.1.2 Ceramic Paste 
The ceramic paste, or ceramic body, consists of ceramic particles suspended within a 
polymeric gel. It is the gel that imparts plasticity and hence allows the ceramic paste to 
flow through the extruder. A simple ceramic paste comprises ceramic powder, binder and 
water; although additional organic additives can be used to facilitate extrusion, such as 
lubricants and plasticisers. However, every additional component complicates the 
  56 
extraction process, as the non-ceramic components need to be removed, and each one will 
have its own extraction conditions that will need to be accommodated [223]. The ultimate 
goal of formulating a ceramic paste, as in most fabrication techniques, is to achieve a 
body with a high ceramic content, which will reduce cracking during downstream 
processes.  
 
 
Fig. 2-16. Schematic depicting the stages in the extrusion process. 
 
2.5.2 The Case for Structured Porosity 
Compressive strength is used as an indicator of mechanical performance for CaP 
scaffolds, as it is the principle form of stress load-bearing-bones are subjected to [317]. 
A scaffold with aligned pores (Fig. 2-17) is purported to achieve higher mechanical 
strengths than scaffolds with stochastic pores (Figure 2-18) because of the orientation of 
the struts. Stochastic-oriented struts are subjected to various mechanical stresses under 
axial loading due to their random orientation [105, 194, 318]. This was recently verified 
using X-ray tomography  [319]. For example, in a stochastic porous architecture under 
compressive loading (e.g. foams), the structure is strong in some regions and weak in 
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others, and it is the weak that reduces the overall strength. These weak regions are due to 
struts oriented perpendicularly to the load that will exhibit flexural stress, which ceramics 
are known to have a lower tolerance for than compressive stress, thereby resulting in early 
failure. For an aligned porous structure, subjecting compressive load thereto results in the 
struts exhibiting only compressive stress. Indeed, and just as cortical bones are, such 
scaffolds are anisotropic, where applying the load perpendicular to the aligned struts 
would result in flexural stresses to the struts, and hence lower strength compared to 
parallel compressive loading. The anisotropic mechanical properties of extruded 
scaffolds are examined in Chapter 5 and Chapter 6.  
 
 
Fig. 2-17. An example of a scaffold with structured porosity, prepared by robocasting 
[320]. 
 
 
Figure 2-18. Figure illustrating an example of a stochastic porous structure, fabricated 
via the polymer sponge replication method [201]. 
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 Perusal of the literature reveals that techniques capable of fabricating aligned 
porous scaffolds yield remarkable compressive strengths, which are presented in Table 
2-7. Such techniques include freeze-casting and robocasting; however, honeycomb 
extrusion would require less expertise, lower capital and running costs, and is capable of 
achieving large-sized scaffolds for large segmental defects. For example, varying the 
porosity in freeze-casting would require knowledge of solvent freezing kinetics, whereas 
in extrusion this can be easily accomplished by changing the die (e.g. from square-shaped 
pores to hexagonal-shaped). Furthermore, additional steps are required in freeze-casting 
compared to extrusion, such as freezing and sublimation, which makes the process 
considerably slower than extrusion1. On the other hand, robocasting is fast, which is 
beneficial in both research and industrial settings; and can generate complex structures, 
provided they can be modelled using a computer-aided design software. However, 
considerable expertise is required, from knowledge of generating computer-aided design 
models to maintaining the electrical components of the instrument; such expertise may 
hinder the realisation of robocasting if not available. Nonetheless, these techniques 
illustrate the potential of incorporating structured porosity for attaining high-strength 
scaffolds, and by comparison, honeycomb extrusion is already a well-established 
technique. Lastly, the low production costings of extrusion will be of particular interest 
to countries with rising healthcare expenses.   
 
Table 2-7. Physical properties of fabrication techniques that are capable of forming 
aligned pores. 
Technique Material Macro-pore 
size (µm) 
Porosity 
(vol%) 
Compressive 
strength 
(MPa) 
Ceramic co-extrusion 
[210] 
HA 270 27 240 
Freeze-casting [213] HA < 600 47 145 
Robocasting [222] HA ~300 ~50 140 
Robocasting [145] Sr-HT 
glass 
~900 ~60 139 
                                                 
1 For example, using water as a solvent requires cooling to – 80 °C, and at a generously 
fast rate of 5 °C min-1, will take 20 mins. This is in contrast to extrusion where a green 
body can be generated in less than 30 s.  
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2.6 Summary of the literature review 
A rise in bone trauma prevalence that require extensive reconstructive surgery has seen 
the field of bone graft substitution becoming increasingly important for the treatment of 
bone defects. As mentioned, bones are important for mobility and regulating other organs 
due to their ability to store calcium ions and produce red blood cells. Although metals 
were originally used as substitutes, a concerted effort has focused on using ceramics that 
are bioactive. Calcium phosphates are capable of inducing bone-growth by exploiting 
bone’s inherent ability to self-heal, and the potential to obviate the need for a second 
surgery.  
 The literature has shown that porous calcium phosphate scaffolds exhibit poor 
mechanical strengths. However, recent work has illustrated that fabricating an aligned 
porous architecture can yield strengths comparable to cortical bone. Ceramic honeycomb 
extrusion was identified as a technique capable of generating aligned pores. Extrusion 
offers many advantages compared to other techniques, namely low costings, rapid 
processing and low skills required to operate.  
Despite its advantages, the literature has revealed that ceramic honeycomb 
extrusion has not been thoroughly explored for fabricating bone graft substitutes. Thus, 
there lies the potential for novelty in this field. The current project investigated the 
viability of honeycomb extrusion for achieving high-strength scaffolds, with the aim of 
understanding the relationship between processing parameters and raw material selection, 
to the quality of the final product. 
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Chapter 3: Characterisation 
 
3.1 Physical Characterisation 
Physical characterisations were primarily applied to the raw materials. Powders are 
available in different morphologies and sizes, hence characterisation thereof with respect 
to physical properties are needed to understand their effect on subsequent processing 
stages. The aim herein was to understand which physical attributes were a prefigure 
towards fabricating a scaffold with desirable properties. Physical characterisation was 
also employed to determine paste density and the bulk porosity of sectioned scaffolds; 
the former was performed to compare the paste density to the theoretical results. 
 
3.1.1  Particle Size analysis 
Particle size analysis was performed using the Mastersizer 3000™ from Malvern, UK, in 
wet-mode. A photograph of the instrument is provided in Fig. 3-1. The parameters and 
measurements were performed by the Mastersizer 3000 software (provided by the 
manufacturer with the instrument), where the following parameters were set:  
 
Number of measurements per run: 5; 
Background measurement: 1 minute; 
Laser obscuration: 10-20%, as recommended by the manufacturer; 
Stirrer speed: 3000 rpm, reduced to 2000 rpm during live readings; 
Ultrasound: 70%.  
 
Table 3-1 presents the refractive indices used for the different materials, as well as the 
absorption indices. For the latter, an absorption index of 0.01 was used for translucent 
powder; 0.1 for white powder; and 1 for pale coloured powders.  
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Table 3-1. Refractive and absorption indices of the samples analysed. 
Materials Refractive index  Absorption index 
As-received HA 1.65 [321] 0.1 
Calcined HA 1.65 [321] 1 
Y-HA 1.65 1 
β-TCP 1.62 [322] 0.1 
Bioglass® 1.59 [323] 0.01 
Canasite 1.54[324] 0.01 
 
 A clean 600 ml beaker was filled with 500 ml of distilled water and placed on the 
apparatus stage. The instrument was then initialised and following a one minute gap, the 
background measurement was performed. If contamination was detected during the 
background measurement, then the run would be stopped and the system would be 
cleaned before resuming. Once satisfied with the background measurement the samples 
were loaded incrementally using a laboratory spatula, until an obscuration level of ~ 15% 
was attained; which was within the 10-20 % range recommended by the manufacturer for 
wet-mode. Ultrasound was applied to the system for 2-3 minutes, before commencing 
measurement following a one minute resting period to prevent air bubbles generated by 
the ultrasound from being recorded. After the measurements, the system was subjected to 
another round of ultrasound, before a second measurement was taken. If the results were 
inconsistent with the first measurement, then another round of ultrasound and recording 
was performed. This continued until consecutive consistent data were obtained, which 
was indicative of successful soft agglomeration breakdown by the ultrasound. This 
strategy was adopted to ensure the recordings obtained were not those of soft 
agglomerates. Results were only accepted if the residual weight of the data was below 
1.00, as recommended by the manufacturer.  
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Fig. 3-1. Particle size analysis set up, which was used in wet-mode. 
 
3.1.2  Density measurements 
A gas helium pycnometer (Accupyc II 1340, Micromeritics, UK) was utilised for powder 
density, paste density and scaffold bulk porosity measurements. The software, 1340 
Accupyc, was used to set the parameters and control the instrument. 
 
Powder density: As recommended by the manufacturer, between ½ and ¾ of the crucible 
was filled with the powder to be analysed. Loading of the powder was performed on a 
scale and the mass was recorded. The crucible was then inserted into the chamber of the 
apparatus.  
 
Paste density: Paste density was empirically measured to validate the theoretical paste 
density, and thus as a means to quantify the final paste composition. The high shear-
energy mixer generates excessive heat, causing the distilled water to evaporate in some 
instances, and thus resulting in possible variation to the water content, which needed to 
be verified. In addition, as measurements were performed in triplicates, the analysis also 
serves as a means of determining paste homogeneity with respect to composition, hence 
samples were taken from different sites of the formulated paste. Table 3-2 represents a 
calculation example of a paste composition in both mass and volume percentage: 
 
Wet unit 
Measurement cell 
Beaker 
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Table 3-2. Example of paste composition presented as both mass and volume. 
Component Composition  
(g) 
Density  
(g/cm3) 
Volume  
(cm3) 
Hydroxyapatite 241 3.22 74.8 
Methycellulose 17.9 1.34 13.4 
Distilled water 90 1 90 
Total 348.9  178.2 
 
To calculate paste density in Table 3-2, the hydroxyapatite and methycellulose densities 
were empirically determined by the pycnometer, and the theoretical density for distilled 
water at ambient temperature was used. The mass of the individual components was then 
divided by their respective densities to obtain the volume, which was then summated. The 
total mass was then divided by the total volume to determine paste density.  
 
The protocol was similar to the powder protocol, except the equilibrium pressure 
was increased as the system failed to equilibrate within the instrument’s limit (1000 
seconds); this could be as a result of the paste samples absorbing the helium slowly. The 
parameters can be found in Table 3-3.  
 
Bulk Porosity: Adjustments were made to accommodate the relatively small size of the 
scaffolds. The weight of the scaffolds was once again measured on a scale, and 
subsequently placed into the crucible, along with a stainless steel rod with a height of 4.5 
mm and diameter of 10 mm, which was used to compress the helium. Although not 
required, this was done because nearly filling the crucible results in greater measurement 
sensitivity [325]. Furthermore, the approach was consulted with the manufacturer, who 
confirmed the approach was common practice. The volume of the rod, which was pre-
determined by the pycnometer, was then subtracted from scaffold measurements. 
Thereafter, the new volume was used to calculate the density of the porous scaffold. The 
following equation was used to determine the bulk porosity P: 
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𝑷 =  (𝟏 −
𝝆𝒂
𝝆𝒕
) × 𝟏𝟎𝟎 
Where a is the apparent density, whereby the volume was measured by a vernier caliper 
(Fig. 3-2); and t is the true density, whereby the volume was determined by the 
pycnometer.  
Using the steel rod resulted in an increase in air pressure, which caused the 
scaffold to ricochet within the crucible. To accommodate for this, the purge and reading 
pressures were reduced to prevent cracking of the scaffolds. The parameters can be found 
in Table 3-3.  
 
 
Fig. 3-2. CAD model depicting the dimensions measured to obtain the apparent density 
of scaffolds. 
 
Table 3-3. The helium pycnometer parameters for the different sample types. 
Analysis 
type 
Number of 
Purges 
Purge fill 
pressure 
(psig) 
Number of 
cycles 
Cycle fill 
pressure 
(psig) 
Equilibrium 
rate 
(psig/min) 
Powder 20 12 20 12 0.0050 
Paste 20 12 20 12 0.5000 
Bulk 
porosity 
5 5 8 8 0.0050 
 
 
d1 
d2 
d3 
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3.1.3 Surface Area 
Surface area was performed using the 3Flex from Micromeritics, UK., which utilises the 
Brunauer-Emmett-Teller (BET) theory. BET uses physical adsorption to measure the 
surface area of powders using a set gas. At their liquefaction temperature, the molecules 
of the gas will adsorb onto the surface of the sample. As the pressure of the gas rises, so 
does the number of adsorbed molecules on the surface until a monoloyer of molecules is 
formed. The quantity adsorbed is then used to quantify the surface area.  
The experiment procedure for surface area analysis can be divided into two steps. 
An initial sample preparation step was performed, which was followed by the analysis 
itself. For sample preparation, first, the mass of the 12 mm diameter glass tubes (Fig. 
3-3), followed by mass of the tube with sample, were recorded. A glass funnel and drink 
straws were utilised to aid the deposition of the powder to the base of the glass tube, with 
the purpose of minimising powder adherence to the inner side walls of the tubes, and thus 
minimising data error. 
 
 
Fig. 3-3. Image of a glass tube. The powdered samples had to be inserted in a way to 
ensure the powder reached the base of the tube without adhering to the side walls. 
 
The tubes were attached to the sample degas system (VacPrep 061) thereafter, where the 
samples were vacuumed and heated for 4-5 hours, at 0.1 mbar and 300 °C, respectively. 
This was performed to remove unwanted particles and moisture from the surface of the 
powder that may interfere with the measurement. Following this, the samples were gassed 
for 30 seconds, before removing the tubes from the system. The final step was to attach 
the tubes to the 3Flex instrument before commencing the test. Fig. 3-4 is a photograph 
depicting the degasser and the surface area analyser itself.  
 
Base of 
tube 
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Fig. 3-4. Surface area analyser setup, portraying the degasser, which was used to 
remove contaminants and moisture; and the surface area analyser itself. 
 
A multipoint BET analysis, with relative pressures of between 0.05 and 0.4 was 
performed. Evaluation of the results were performed and the results were inspected for 
evidence of experimental errors. The BET surface area data was only accepted if the Y-
intercept was positive; the BET C value (BET constant) was between 5 to 300; and the 
correlation coefficient of the regression line was 0.999 or greater; if the test was applied 
correctly, the data reduction plot will be linear. All the aforementioned parameters were 
in accordance with the manufacturer’s guidelines [318]. An example of such a plot is 
illustrated in Fig. 3-5. Each sample analysis was repeated a further two times.  
 
Fig. 3-5. Example of a BET transform plot (data reduction method). The plot is that of 
the as-received hydroxyapatite powder used in Chapter 5.  
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3.2 Chemical Structural Characterisation 
The chemical structure of ceramics and glass are key determinants in the materials’ 
biological and mechanical properties. Hence chemical analyses were employed to 
elucidate the chemical structure thereof, particularly as the materials are subjected to heat 
and other procedures that could result in phase transformation. All chemical analyses 
were carried in powder form. For measuring the chemical structure of sintered samples, 
segments of the extrudate were sectioned off using a slow saw (IsoMet™ Low speed, 
Buehler, UK), then crushed with a percussion mortar, and ground using a pestle and 
mortar, in order to obtain fine powders for analysis.  
 
3.2.1 X-ray Diffraction (XRD) 
XRD techniques can be used to identify the phases present in samples, from the raw 
material to the final product. In XRD, X-rays are generated and targeted towards the 
sample. These incident x-rays are scattered upon striking crystal planes towards a 
detector, which records the incident angle and the intensity thereof. Depending on the 
crystal structure, the X-rays are scattered accordingly to generate an X-ray spectra that is 
used to identify the material.  
XRD was performed using the Siemens D5000 Powder Diffractometer (Munich, 
Germany), with a voltage and amplitude of 35 kV and 30 mA, respectively. The desired 
powder was loaded onto the sample holder as illustrated below. A microscope glass slide 
was used to ensure that the powder was levelled to avoid erroneous XRD patterns. The 
sample holder was also tilted at approximately 45 ° to ensure that the powder was stable. 
Subsequently, the holder (Fig. 3-6) was inserted into the instrument where analysis 
ensued. Each sample analysis was repeated at least once. 
The XRD Wizard software was used to set the parameters of the instrument, and 
the information was transferred to XRD Commander, which was the software used to 
initialise the instrument, as well as commence analysis. The following conditions were 
opted for XRD analysis: 
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Scan Type: Locked Couple 
Scan Mode: Continuous Scan 
Parameters: 
Start (°):   20 
Stop (°):   70 
Step size:            0.03 
Number of Steps:    1667 
Time per Step (s):  2 
Divergence Slit:  2 
Antiscattering slit  2 
Data analysis was performed using PDF-4 software (ICDD, USA) for confirmation. All 
the powder diffraction files (PDF) listed in the forthcoming results chapters were obtained 
from this software.  
 
 
Fig. 3-6. Photograph of the sample holder containing a powdered sample ready for 
XRD analysis. 
 
 
3.2.2 Fourier-Transformation Infrared Spectroscopy (FTIR) 
FTIR spectroscopy is a form of vibrational spectroscopy that determines chemical 
structure based on the vibrations of the atoms of a molecule. When infrared radiation is 
passed through a sample, the energy is absorbed by the molecules, and is transferred into 
kinetic energy. Provided there is a net change in dipole moment of the molecules, the 
energy results in a change in amplitude of molecular vibration. Different bonds will 
Sample 
Holder 
Powdered 
Sample 
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absorb infrared radiation at different frequencies, which is then used to identify the overall 
chemical structure thereof.  
FTIR analysis was performed using the Frontier from Perkin Elmer, USA, and 
operated using the Spectrum software, which was provided by the manufacturer. First, 
the powder samples were mixed with potassium bromide (KBr)2 at a ratio of 2:200 mg 
using an agate pestle and mortar. Once sufficiently mixed and the admixture appeared 
homogenous, the samples were pressed into a disc using a 10 mm stainless steel pellet 
die; the force was first applied at 1 ton for 1 minute, and then increased to 10 tons for a 
further one minute. Samples (Error! Reference source not found.) were then inserted 
nto the sample holder, which was then transferred to the instrument. The instrument’s lid 
was closed to minimise external interference.  
A total of four background measurements were taken, which were subtracted from 
sample measurements. The following settings were chosen for all FTIR measurements: 
wavenumber range from 4000 to 400 cm-1; resolution of 4 cm-1; and a total of four scans 
per run. 
 
3.2.3 X-Ray Fluorescence (XRF)  
XRF analysis was used to determine the elements present in the raw glass powders. 
Unlike the calcium phosphate, the synthesised glass powder underwent a vigorous 
processing step, and the technique was used to determine if the glass powder was 
contaminated as a result.  
XRF analysis was performed using Panalytical’s Zetium (Almelo, Netherlands), and 
its accompanying software (Super Q Launcher). Powder samples were placed in the 37 
mm plastic sample cups, which were supported using Mylar™ film. The samples were 
subsequently placed in the instrument, and analysis ensued, which was performed under 
helium. The same software was used for sample analysis.  
 
                                                 
2 The potassium bromide disc approach was used to expand the scanning range to below 
600 cm-1 for this particular instrument. Potassium bromide was used to form the disc as 
it has a transmittance of 100% in the range of 4000-400 cm-1, which was needed to 
identify the functional groups present in hydroxyapatite and -tricalcium phosphate. 
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3.3 Thermal Characterisation 
A crucial step in the fabrication process is the firing of the extrudate. The process is 
preceded by drying and de-binding; all of which require delicate thermal treatments to 
prevent premature failure. Hence, the thermal behaviour of the different raw materials 
needed to be clarified in order to optimise the thermal processing stages. 
 
4.4.1  Dilatometer 
Pushrod dilatometry is a method for determining dimensional changes as a function of 
time or temperature. The instrument was employed to elucidate the shrinkage behaviour 
of the starting materials when subjected to elevated temperatures and to ensure sintering 
temperatures used will densify the ceramics.  
Pellets of 10 mm diameter and approximately 1.5 mm in thickness were fabricated 
using a pellet die and press. The pellets were pressed at 0.6 tons, and subsequently 
transferred to a rectangular alumina crucible for safe transportation. Stainless steel 
tweezers were used to insert the pellets into the sample holder of the dilatometer (402 C, 
Netzsch, Germany). The pushrod of the dilatometer was activated, and brought into 
contact with the pellet at its centre. The force applied by the pushrod to the pellet was set 
to 30 cN, which was sufficient to hold the pellet and sensitive enough to record linear 
shrinkage, without fracturing the pellet. Once this was achieved, the furnace was closed.  
The parameters were controlled using the Proteus® software. The temperature 
parameters of the analysis were: a heating and cooling rate of 5 and 10 K/min, 
respectively; and a starting temperature of 25 °C.  
To ensure that the pellets will not react with the alumina sample holder and 
pushrod at elevated temperatures, separate pellets were first sintered in alumina crucibles 
using a muffle furnace, at the designated temperatures. Pellets were subsequently 
inspected to ensure no reaction had taken place. As a result, the maximum sintering 
temperature for the samples were set to either 1350 or 1400 °C. 
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4.4.2  Differential Scanning Calorimetry (DSC) 
DSC is a thermal analysis technique that looks at how a material’s heat capacity is 
changed by temperature, where a sample of a known mass is heated and its heat capacity 
is tracked as changes in heat flow. DSC allows the detection of phase transformation in 
calcium phosphate, as well as other glass thermal events, such as crystallisation, glass 
transition, and melting.  
 Before commencing DSC (404 C Peguses, Netzsch, Germany) analysis, the 
protective gas flow, argon gas, was set to a rate of 90 ml/min for thirty minutes in order 
to rid the system of humidity or reaction products. An 80 µl alumina crucible was placed 
on a scale and the measurement was tared, where thereafter the powdered sample was 
deposited into the crucible via a micro stainless steel spatula. The typical weight for 
ceramic samples was 37 mg, which is within the recommended weight supplied by the 
manufacturer (30-40 mg). Once the sample was weighed, the crucible was transferred to 
the DSC sample holder, and the furnace was closed thereafter. An empty alumina crucible 
was used as reference, and the experiments were performed using a purge gas flow of 50 
ml/min. Air was used as both the purge and analysis gas during measurements.  
 The Proteus® software provided by Netzsch was used again to control the 
experiment. The heating and cooling rate were set to 5 and 10 K/min, respectively, with 
a start and end temperatures of 25 and 1400 °C, respectively.  
 
4.4.3  Thermal Gravimetric Analysis (TGA) 
TGA analysis was performed to determine the change in sample mass as a function of 
temperature, using the Pyris TGA 1 from Perkin Elmer, UK. The instrument was used 
primarily for determining a suitable binder burnout temperature profile, as the instrument 
had a maximum analysis temperature of 1000 °C.  
 Again, a similar protocol to that of the DSC was used, except for the purge gas 
was either air or nitrogen, depending on the experiment; the flow rate thereof was set to 
100 ml/min, and samples weighed between 20-30 mg. The Pyris software was used for 
controlling and analysing the data.  
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4.4.4  Simultaneous Thermal Analysis (STA) 
The STA was performed using the SDT-Q600 from TA Instrument, USA, which allows 
for simultaneous DSC and TGA analysis. Unlike the Pyris TGA 1, temperatures of above 
1000 °C could be used for analysis, which was useful for analysing glass samples. 
The sample protocol was similar to that of the aforementioned DSC protocol, except 
for the purge gas was either air or nitrogen, depending on the experiment, and the flow 
rate thereof was set to 100 ml/min. Furthermore, the control and analyses software were 
Q600 and Thermal Advantage, respectively. 
 
3.4 Microscopy 
Microscopy was used to provide qualitative analysis of the samples. Post-test microscopy 
analysis were performed using ImageJ from National Institute of Health, USA.  
 
3.4.1 Optical microscopy 
Optical microscopy was employed to examine the physical properties of the sectioned 
scaffold, with respect to cell length and strut thickness. Optical images were taken using 
Motic®’s BA310Met-T microscope, fitted with Moticam 3 attachable digital C-mount 
camera, and calibration and images were taken using the Motic Images Plus software.  
 
4.4.5  Scanning Electron Microscopy (SEM) 
SEM analysis was performed to examine sample microstructure. The technique uses a 
beam of high-energy electrons that are focused towards the sample. The electrons interact 
with the material’s atoms and the scattered electrons are collected to image the surface.  
All of the samples that were analysed were non-conductive, and thus were coated 
with gold, using a gold sputter (SC 500A, Emscope, USA). Specimens were adhered to 
aluminium stubs (Agar Scientific, UK) via either a carbon adhesive and/or a silver 
conductive paste (Acheson Silver DAG, Agar Scientific, UK) (Fig. 3-7). In the case of 
powdered specimens, an air gun was used to level the specimen and to avoid charging of 
the images.  
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Fig. 3-7. Example of SEM sample mounting prior to gold coating, and the use of carbon 
adhesive or silver paste to adhere the sample to the aluminium stub. 
 
Sputtering was performed under rough vacuum (0.1-0.05 torr) and argon gas, and 
the deposition current and coating time were set to 15mA and 3 minutes, respectively. 
Once coated, the samples were transferred to the SEM (Inspect F50, FEI, Netherlands), 
where the SEM was used in secondary electron mode to provide images of the sample. 
The working distance was set to approximately 10 mm. The spot size and voltage were 3 
and 5 kV, respectively, and were consistent throughout the research.  
 Energy Dispersive X-ray Spectroscopy (EDS) (X-MAXN 80T, Oxford 
Instruments) was employed to provide elemental analysis of specimens. For EDS 
mapping, the measurements were taken at a resolution of 256; acquisition time of 50 or 
greater; energy range of 20 keV; number of channels was set to 2048; a process time of 
4 was opted for; and a pixel dwell time of 20 µs.  
 
3.5 Rheology 
Rheological analysis has been proven to be a good indicator of ceramic paste 
extrudability, and can be measured using instruments called rheometers. The sample is 
loaded onto a rheometer and is then subjected to a well-controlled shear rate or shear 
stress. The ratio between shear stress (τ) and shear rate (?̇?) gives the viscosity (): 
 
𝜼 =
𝝉
?̇? 
 (3.1) 
 
Sample Carbon 
adhesive 
Silver 
paste 
Aluminium 
stub 
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With the units being pascal second (Pa.s), pascal (Pa) and reciprocal second (s-1) for the 
viscosity, shear stress and shear rate, respectively. There are different rheometers and 
each are able to perform viscosity measurements through different modes. For extrusion, 
a paste should exhibit shear-thinning properties, which both a capillary and rotational 
rheometer are capable of characterising.  
A capillary rheometer (CR) is similar to extrusion in that the material is forced 
through a given die by a piston. An illustration thereof is provided in Fig. 3-8. The 
instrument works by either controlling the shear rate or the shear stress of the instrument. 
All rheological analysis using the capillary rheometer were performed using the former 
mode. The shear rate (?̇?) is a function of piston speed, and bore and die internal diameter. 
The following equation relates the parameters: 
 
?̇? =
𝟖 × 𝑫𝟐 × 𝒔
𝒅𝟑
 (3.2) 
 
Where D is bore internal diameter; s is piston speed; and d is die internal diameter. The 
shear stress (τ) is calculated as: 
 
𝝉 =
∆𝒑
𝟐(𝑳 𝒓)⁄
 (3.3) 
 
Where L is the capillary die length; r is the die radius; and ∆𝑝 is the difference in pressure 
between the barrel and atmospheric pressure. Essentially, the user sets the shear rate 
range, and the instrument calculates the speed of the piston that corresponds to the set 
shear rates. As the material flows through the capillary rheometer, a pressure transducer 
situated in the bore measures the pressure developed during a test. The pressure measured 
is then used to determine the shear stress of the material under the set shear rate, using 
equation (3.3). 
 
 75 
 
Fig. 3-8. Schematic depicting a capillary rheometer and its components. Using this 
method, the material of interest is forced through a capillary die via a piston. The speed 
of the piston equates to the shear rate, and a pressure transducer is used to obtain the 
resultant pressure from the pre-determined piston speed, and subsequently used to 
obtain the shear stress. The ratio of shear stress to shear rate gives the viscosity. The 
temperature can also be altered to provide a temperature-controlled analysis, in order 
to understand the effect of temperature on viscosity. 
 
Where CR uses pressure-driven flow (Poiseuille flow), rotational rheometers (RR) 
achieve shearing via drag flow (Couette flow). In RR, samples are placed between parallel 
plates (Fig. 3-9) and are subjected to torsional shearing. The shear rate is calculated by 
dividing the velocity of the parallel plates by the distance between plates: 
 
?̇? =
𝒗
𝒉 
 (3.4) 
 
where v is the angular velocity, and h is the height of the sample measured (i.e. gap 
between the parallel plates). For a standard viscosity measurement, the gap is fixed and 
the angular velocity of the plate increases, and the shear rate increases accordingly. The 
force applied is measured by a transducer, and takes the cross-sectional area of the sample 
into account to give the shear stress.   
The benefits of RR over CR are better sensitivity, and small sample sizes are 
required. In addition, RR can be used in oscillatory (dynamic) mode to determine 
viscoelastic properties of materials. In this mode, the rheometer applies a sinusoidal force 
that progressively increases in either amplitude (i.e. force) or frequency (i.e. speed). From 
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this, viscoelastic properties such as the storage (i.e. elastic) and loss (i.e. viscous) moduli 
can be determined. The storage modulus (G’) can be used to determine the stiffness of 
the ceramic paste, and is derived as: 
 
G’ = 
𝟐𝒉𝑴𝟎𝑪𝒐𝒔𝜹
𝝅𝒓𝟒𝛟𝟎
 
 
(3.5) 
Where M0 is the torque amplitude; ϕ0 is the angular amplitude of oscillation; δ is the phase 
angle, which represents the time dependent behaviour of the strain to the sinusoidal stress 
applied; r is the radius of the parallel plate geometry; and h is the gap height. The G’ was 
used to provide information regarding the shear modulus and plasticity of ceramic pastes. 
The former is akin to the elastic modulus, but as the RR applies a torsional force rather 
than an axial force, it is the shear stiffness that was measured. The storage modulus was 
used to correlate the ceramic paste to the quality of the extrudates.   
 
 
Fig. 3-9. Schematic depicting a rotational rheometer with parallel plates (ϕ – angular 
amplitude of oscillation; h is the sample gap height; r is the radius of the parallel 
plate). The parallel plates are coloured as grey, with blue representing a sample. Using 
this rheological approach, a sample is placed between two plates; typically, the lower 
plate is stationary, and the upper plate rotates. The viscosity in rotational rheometry is 
a function of the ration between the velocity of the plate and the geometric gap height 
(h). 
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4.4.6  Capillary Rheometer Procedure 
Rheological measurements of the pastes were performed using the Rosand RH200 15 mm 
twin bore capillary rheometer (Malvern Instrument, UK), and the experimental procedure 
was selected using the Flowmaster™ software. A tungsten carbide die with a diameter, 
length and angle of 1 mm, 16 mm and 180 o, respectively, was used. Before each 
measurement, the samples were kneaded by hand and loaded into the barrel at ambient 
temperature, where thereafter manual compaction was performed using the piston of the 
instrument. Once the samples were loaded to a reference point (95-110 mm), the analysis 
was commenced. A pre-test compression of 0.5 MPa was incorporated into the test 
procedure for reproducibility. In the event a test was performed under controlled 
temperature, the sample was left in the bore for 15 minutes to ensure the sample was 
homogeneously heated.  
 
4.4.7  Rotational rheometer Procedure  
To compliment the capillary rheometry analysis, a rotational rheometer was employed in 
oscillatory mode, which is also referred to as dynamic mechanical analysis (DMA), to 
elucidate the mechanical behaviour of pastes. Tests were performed using the rotational 
rheometer (MCR 302, Anton Paar GmbH, Germany), which was equipped with an 8 mm 
parallel plate geometry, and controlled using the Rheoplus software. Prior to analysis, the 
warm up protocol was performed, as recommended by the manufacturer. A trimming size 
of 1.025 mm was selected, and samples were trimmed using a plastic spatula. Following 
sample trimming, the rheometer reached the gap size, which was set to 1 mm, and analysis 
ensued. Once a test run was finished, the Peltier surface and geometry were cleaned using 
distilled water, and then dried before commencing the next run. 
 
4.4.8  Extrusion measurements 
The MOOG SmarTEST ONE controller, which was used to actuate the extruder’s piston, 
was also used to record the force feedback as a function of piston distance travel, and thus 
produce the force-displacement curves. The recording was commenced once the loaded 
paste underwent compaction and vacuuming. Sampling was performed at a recording 
frequency of 100 Hz.  
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3.6 Mechanical Characterisation 
Mechanical analysis was performed to measure the maximum compressive strength of 
the sintered scaffolds, which in the literature is used as the benchmark for a scaffold’s 
mechanical properties. Tests were performed using the Roell Z050 from Zwick, UK, and 
operated by the testXpert II software. Compressive strength was used as the benchmark 
mechanical test. The testing was performed using a 20 kN load cell (Xforce K, Zwick; 
0.5% resolution). Two cylindrical cone boron nitride toolings were adhered to the platens 
of the instrument via a double-sided adhesive, which were employed to ensure that the 
platens will not be damaged by the samples. Once this was done, a spirit level was used 
to ensure that the setup was level, and using the software, the new distance between the 
toolings was referenced and set to zero. Fig. 3-10 illustrates the setup for the mechanical 
testing, and Fig. 3-11 is a closer image demonstrating the position of the scaffold between 
the conical boron nitride toolings. 
 
 
Fig. 3-10. Mechanical test setup. 
 
 Due to the different shrinkage behaviour exhibited by the samples, and to 
incorporate a level consistency, all mechanical analysis was performed on 3 x 3 sectioned  
20 kN 
Load Cell 
Spirit level 
vial 
Platens 
Boron 
Nitride 
toolings 
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Fig. 3-11. Photograph of the mechanical setup, illustrating the conical boron nitride 
toolings used. The figure demonstrates the typical position of the upper and lower 
tooling to the scaffold before commencing the test, and the central position of the 
scaffold. 
 
cubes, and a minimum of eight samples were used for each material. The samples’ 
apparent test surface area were measured using a digital Vernier caliper (Fig. 3-12), and 
the information was entered into the software. The sample was then placed in the centre 
of the bottom tooling (Fig. 3-11), and the top tooling was manually brought closer to 
expedite the test. Prior to testing, a pre-test of 5 kN at 1 mm/min was used, which was 
incorporated to improve the contact between the tooling and sample before the actual test.  
 
 
 
Fig. 3-12. CAD model illustrating which dimensions were used for the area in order to 
determine the compressive stress. 
 
d1 
d2 
d1 d2 
B-axis A-axis 
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Fig. 3-13. Stress-deformation curve to illustrate how the maximum compressive 
strength (σmax) was determined. The curve is that of a BG2 sample sintered at 1300 oC. 
 
A stroke rate of 1 mm/min was also used for the main test. Sample analysis was concluded 
following a brittle fracture, as determined by a sharp decrease in compressive strength, 
which an example thereof can be observed in Fig. 3-13. The maximum stress was 
determined as the maximum strength exhibited by the first fracture was recorded. The 
surface of the toolings were wiped cleaned thereafter, before the start of the next test. 
Where possible, remnants of the fractured scaffolds were collected and used for post-
compression SEM analysis. 
 
3.7 Statistical Analysis 
Graphpad prism (v7, Graphpad, USA) was used for both t test and one-way analysis of 
variance (ANOVA) statistical analyses. Unless otherwise stated, the statistical 
significance is given by P< 0.05. Prior to this, a D’Agostino-Pearson omnibus normality 
test was performed, as well as an F test to determine variance. If the data was not normally 
distributed and of equal variance, then a non-parametric test was performed. 
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Chapter 4: Fabrication Process 
 
The chapter herein details the fabrication process, and guides the reader through the 
rationale for parameter selection. The processing stages are (i) mixing, (ii) extrusion and 
(iii) thermal treatment. Moreover, this section details the screening used to determine 
which binder to use, as the subsequent chapters will be centred on the ceramics. The 
extrusion section will detail the extruder setup and the empirically-determined extrusion 
parameters. The chapter concludes with the de-binding protocol used throughout the 
project, which again were empirically determined.  
 
4.1 Binder Selection & Mixing 
The purpose of the binder is to temporarily bind the ceramic particles, and to impart green 
strength until the particulate system can be sintered. Accordingly, the green strength 
forms part of the desirable characteristics for binders, with other characteristics being 
easy burn-out, a solvent with compatible polarity, and low cost. 
Binders typically comprise 4 – 6 mass% of the admixture. They can either be 
organic, for example starch, or inorganic, such as sodium silicate [223]. Inorganic binders 
have a high degradation point and leave residues, which can be undesirable where the 
formulator requires complete extraction of binder. There are processes where the 
inorganic residues are not detrimental, and indeed processes were the residue adds to the 
properties: for example organometallic binders where inorganic residues facilitate 
densification [223].  Furthermore, binders can be categorised as aqueous or non-aqueous, 
wherein the former is soluble in water. This is desirable, as in contrast to other solvents, 
water is cheap and non-toxic.  
Perusal of the literature revealed that most extrusion work was performed using 
organic binder, which included polyvinyl alcohol, ethylene vinyl acetate and cellulose 
ether derivatives. The benefit of using organics are easy burn-out, availability and wide 
range of viscosity grades [223]. Due to the availability of distilled water and the desire to 
work with non-toxic binders, it was decided that aqueous organic binders would be 
utilised for the plasticisation of the ceramic bodies.  
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A common organic additive brand used in ceramic processing are the Methocel™ 
range, developed by Dow Chemical. Methocel™ (MC) is a binder with other additive 
properties, such as lubricity, non-ionic thickening and wetting properties when mixed 
with distilled water. Previous studies have successfully fabricated honeycomb extrudates 
solely with MC as the additive [326, 327].  
MC are cellulose-derived ethers that are classed as polysaccharides and industrial 
gums [328]. Table 4-1 lists examples of other water-soluble binders commonly used in 
ceramic fabrication. Although cellulose ethers are commonly used, in the interest of 
prudence, a total of three binders were screened. Binders with a higher green strength 
than the MC used (Methocel™ F4M, Dow Chemicals) were sought after. Preliminary 
extrusion trials using this grade resulted in shearing that reduced the viscosity of 
extrudates to the extent that deformation occurred thereto when handled. Typically, a 
positive correlation exists between viscosity and green body strength; both properties 
increase with increasing molecular weight [329-331]. As such, carboxymethylcellulose 
(CMC) and guar gum (GG) were selected (Sigma Aldrich, Germany) for their high 
viscosities. This was based on the data obtained from Table 4-1, which illustrates that 
both binders possessed relatively high viscosities.  
Table 4-1. Examples of water-soluble binders [229]. The table illustrates the variety of 
viscosities available, of which high viscosity grades were desirable for extrusion. 
  Viscosity Grade 
Binder  V. low Low Medium High V. High 
Gum Arabic       
Poly(vinylpyrrolidone)       
Poly(vinyl alcohol)       
Polyethylene oxide       
Starch       
Methylcellulose       
Carboxymethlycellulose       
Hydroxypropylmethylcellylose       
Xantham gum       
Locust bean gum       
Gum karaya       
Guar gum       
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Fig. 4-1 are SEM images of all three polymeric binders, where it was determined that 
each binder exhibited a distinct morphology. In their as-received states, MC and CMC 
appear to comprise both linear and branched polymers; whereas, the GG powder consists 
of smaller particle sizes that are branched to a higher extent. 
 
 
Fig. 4-1. Scanning electron microscopy (in secondary electron mode) micrographs of 
(a) Methocel™, (b) guar gum and (c) carboxymethyl cellulose. GG exhibited a distinct 
morphology from MC and CMC. 
 
4.1.1 Paste formulation 
Paste formulation is a complex procedure. In addition to composition selection, the 
processing parameters are equally wide-varied, as they include mixing speed, mixing 
time, temperature and humidity control, and mixing technique. During paste formulation, 
the binder and water combine to form a gel whereby the inorganic particulates are 
suspended within. Although the constituents of the paste were limited to three ingredients: 
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ceramic, binder and distilled water; difficulties still arose, which will be discussed in this 
chapter. 
 
4.1.1.1 Trials to Optimise Mixing Strategy 
The aim of formulating a ceramic paste is to achieve an extrudable paste whilst 
minimising the non-ceramic components. One aspect was to determine whether the 
mixing order influenced the ceramic paste. Mixing was performed in polypropylene 
containers, which comprised a cup and lid that were compatible with the high-shear-
energy mixer (Speedmixer™ DAC 300 FVZ, Synergy Devices, UK) utilised. The mixing 
instrument was a blade-less mixer that minimised contamination and the generation of air 
pockets. 
 It was discovered that mixing the dry components first (i.e. the ceramic and 
binder powders) resulted in an increase in ceramic solids loading. This was because 
mixing the binder and water first caused the binder to gelate, which increased the 
viscosity of the system, and thereby made it difficult for the ceramic powders to penetrate 
and be suspended therein. Hence, the dry components were first added and mixed prior 
to the addition of distilled water. Fig. 4-2 (a), is a representative image of a paste 
exhibiting phase separation, where the binder formed a ceramic-free gel; which would 
yield poor extrudates due to the inconsistent viscosities produced due to the different 
phases. By mixing the dry components first, it ensured a homogenous distribution of 
ceramic and binder, and the subsequent addition of water resulted in a homogenous 
coating of the ceramic particles by the binder. Indeed, increasing the mixing duration or 
shear speed may have eventually homogenised the paste, however, prolonged mixing or 
greater speeds caused partial evaporation, and attempts to compensate for the water loss 
thereafter proved difficult. The addition of water was performed incrementally until a 
clay-like paste was formulated. Excessive amounts of water, as Fig. 4-2 (b) portrays, 
results in a cream-like formulation that are unsuitable for ceramic extrusion. Hence the 
incremental addition approach. 
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Fig. 4-2. Images depicting examples of poorly formulated pastes. (a) is an example of 
binder phase separation, which would be difficult to extrude as the different phases of 
the paste would possess different viscosities, and hence under a constant extrusion 
force, the different phases would flow at different rates and yield poor extrudates; and 
(b) is a cream-like paste unsuitable for extrusion, which would seep through the 
honeycomb die when poured into the vertical extruder.  
 
4.1.1.2 Trials to Optimise Composition Ratio 
Determining the ideal mixing order was necessary to ensure efficient binder coverage of 
the particles. The next step was to determine the maximum ceramic particles that could 
be suspended. The higher the ceramic proportion the more desirable the formulation is, 
as it would alleviate the difficulties during the thermal treatment steps (as discussed in 
section 4.3). However, inadequate amounts of organic additives resulted in miniature 
globules forming (Fig. 4-3 (a)). Subsequent addition of water resulted in progressively 
larger globules forming (Fig. 4-3 (b & c)), until a single, coalesced paste was formed 
(Fig. 4-3 (d & e)). By increasing the water content, the viscosity of the admixture was 
reduced, thereby allowing adjacent globules to coalesce. However, excessive amounts of 
water resulted in a slurry with a cream-like consistency (Fig. 4-2 (b)), which would not 
be feasible for extrusion as it would seep through the honeycomb die when poured into 
the vertical extruder. The transition from a solvent-deficient to a solvent-excessive 
admixture was highly sensitive, requiring incremental additions of 0.5 – 1 mass% of water 
to prevent extreme transitions. Once this was understood, formulating a coalesced 
ceramic paste using MC, CMC and GG were achieved. The next step was to rheologically 
characterise the different pastes and determine their suitability for extrusion. 
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Fig. 4-3. Examples of the effects of inorganic-organic ratios on the paste morphology. 
The presence of globules (a-c) were indicative of a poorly coalesced paste and 
unsuitable for extrusion; whereas (d & e) are examples of coalesced pastes suitable for 
extrusion. 
 
  
4.1.2 Rheological Properties of the Ceramic Pastes 
Ceramic pastes are required to possess shear-thinning properties. Shear-thinning is where 
initially the paste does not flow when subjected to low forces, but with increasing shear 
rates (which is proportional to shear stresses) the paste will eventually flow; until the 
stress is removed when it will behave once again like a solid. This type of property is 
suited for extrusion as when the pressure is applied the ceramic paste will flow through 
the die, resulting in a given shape; and once the pressure is removed, said shape is 
maintained and resists collapsing.  
 Shear-thinning can be determined using rheometers. The rheometers are 
programmed to apply an increasing shear rate to the sample, and the resultant viscosity 
behaviour is measured. There were two rheometers used in this project: capillary and 
rotational. 
 
4.1.2.1 Capillary Rheometry 
For ceramic extrusion, the admixture of inorganic and organic components should exhibit 
shear-thinning properties [332]. Rheological analysis of MC, CMC and GG pastes all 
(a) (b) (c) 
(d) (e) 
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demonstrated shear-thinning properties. As illustrated in Fig. 4-4, all possessed a 
relatively high shear viscosity that decreased exponentially with increasing shear rate, 
until reaching the shear-infinite region, where further increases in shear rates had no effect 
on the viscosity. 
 
 
Fig. 4-4. Flow properties of MC, CMC and GG, as measured by a capillary rheometer. 
All binders exhibited shear-thinning behaviour. Capillary rheometry was used to verify 
the shear-thinning nature of the formulated pastes using different binders (n = 1). 
 
 Further analyses revealed that all three binders were capable of displaying shear-
thinning properties at different shear rates, temperatures and solid loadings, as displayed 
in Fig. 4-5 (a), (b) and (c), respectively. Changes were seen in the viscosity when the 
solids loading and temperature were varied. Fig. 4-5 (b) demonstrates the increase in 
shear viscosity with increasing solids loading, at a given shear rate range; whereas, Fig. 
4-5 (c) demonstrates the increase in viscosity with increasing temperature. In the latter, 
the difference in viscosity between pastes at ambient temperature and pastes measured at 
40 °C was indiscernible, however, the difference was much more pronounced at 50 °C. 
In the case of MC, several attempts were made to measure the shear viscosity at 60 °C, 
but the paste could not be made to flow. Indeed, by increasing the temperature one would 
expect the paste to age and harden, however, the probable cause is likely to be the thermal 
gelation that MC undergoes at approximately 60 °C [333]. In a solution, thermal gelation 
occurs when the bonds in the polymer crosslink and convert the solution to a solid gel 
[334], consequently solidifying the structure. Coupled with a ceramic suspension, the 
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material stiffened to such an extent that it could not be effectively extruded by the 
capillary rheometer. Therefore, it was concluded that processing should not exceed 50 
°C. This further highlights a benefit of using GG, as it is a non-thermally gelling 
polysaccharide [335]. In fact, GG has been demonstrated to effectively increase the 
thermal stability of other polysaccharides [335]. Nevertheless, capillary rheology 
revealed that the speed of extrusion, temperature and solid loading were not an issue for 
attaining shear-thinning characteristics, and hence suitable for extruding at room 
temperature. 
 
 
Fig. 4-5. Examples of how at varying shear rate (a), solids loading (b) and 
temperatures (c), the pastes were able to maintaing shear-thinning capabilities. 
Methocel™ was chosen as an example (n = 1). 
 
(a) (b) 
(c) 
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4.1.2.2 Rotational Rheometry: Dynamic Mechanical Analysis 
Predicting paste properties for extrusion are traditionally performed using capillary 
rheometry. To compliment the rheological data obtained from the capillary rheometer, a 
rotational rheometer in dynamic mechanical analysis (DMA) mode was utilised to 
elucidate further information regarding the rheological properties of the paste. Rotational 
rheometers have higher sensitivity than capillary rheometers, and can quantify events that 
would otherwise need to be extrapolated using data obtained from the latter. DMA has 
conventionally been performed using mechanical testing machines. However, these 
require considerably larger sample sizes, and have a lower resolution compared to 
rotational rheometers. Furthermore, they do not provide shearing stresses, but rather 
normal forces. Thus, rotational rheometry offers several advantages over conventional 
methods for measuring DMA. To the author’s best knowledge, the use of rotational 
rheometers in DMA mode for characterising pastes for extrusion has not been previously 
attempted.  
 DMA was principally employed to obtain the shear modulus and yield stress of 
pastes, which pertain to the stiffness of the pastes, as well as to qualify the plastic regions 
thereof. Similar experiments, such as varying solids loading (Fig. 4-6 (a)) and 
temperature Fig. 4-6 (c)) were again conducted, and the results concurred with the 
capillary rheometer’s findings.  For simplicity, the curves were plotted as shear stress-
strain curves3. Increasing the solids loading of the pastes was found to increase the 
stiffness, and decrease the plasticity region. Using the stress-strain curve in Fig. 4-6 (a) 
as an example, at a solid loading of 62.5 wt%, ceramic pastes displayed an initial stiff 
behaviour (elastic region), succeeded by plastic behaviour. As the ceramic content was 
increased by increments of 2 wt%, increases in the paste stiffness were observed, and as 
well as decrease to the plasticity; until a solid loading of 68.8 wt%, where the pastes 
exhibited a limited plastic behaviour. This was expected, as an increase in ceramic content 
requires more binder coverage to obviate particle-particle contact. Fig. 4-6 (b) is a plot 
of the shear modulus as a function of solids loading, whereby it can be observed that the 
relationship is a growing exponential at the measured solids loading range. The data 
obtained is akin to that of Liu and Chou (2000) [336], where it was demonstrated that 
                                                 
3 Typically shear modulus-stress curves are plotted, however, they are not easily 
interpreted by those unfamiliar with rheology.  
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steep increases in viscosity where an indication of the solids loading approaching the state 
of maximum packing.  
 
Fig. 4-6. Torsional Dynamic Mechanical Analysis (DMA) of the pastes at varying solids 
loading (a) and Peltier plate temperature (c). Plot (b) is the shear modulus as a 
function of solids loading (n=1). 
 
 These preliminary rheological characterisations were performed to provide an 
insight into the rheological properties of the chosen binders. Capillary rheometry 
highlighted that paste flow remained shear-thinning, irrespective of binder, solids 
loading, shear rates and temperatures. DMA, on the other hand, demonstrated that paste 
mechanical properties varied, such as yield stress and shear modulus; in some instances, 
the difference was over an order of a magnitude. Therefore, depending on the desired 
extrusion outcome, pastes can be tailored to the desired stiffness by varying the solid 
loading, or controlling the extrusion temperature. Once extrusion has been performed, 
only then can it be understood what the desirable mechanical properties are. 
(a) (b) 
(c) 
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4.1.3 Thermal Properties of Binders 
Once the binder has been used to impart plasticity to the ceramic particulates, it will then 
need to be removed from the admixture before sintering of the ceramic can occur. 
Thermally degrading the polymeric binder is one means of achieving said task, whereby 
the admixture is subjected to sufficient heat that results in the degradation of the binder, 
and thus its extraction from the admixture. The ideal binder should be removed before 
sintering of the ceramic occurs, as to not impede the densification thereof. Fig. 4-7 is a 
dilatometry curve of three different types of hydroxyapatites that were examined, which 
is used to exemplify that different HA raw materials exhibit different shrinkage. Despite 
subjected to the same heating parameters, all possessed varying sintering behaviours, 
which were ascribed to the difference in particle and chemical properties of the starting 
material. In this illustration, the sintering onset ranged from 510 °C (HA3) to 1050 °C 
(HA2). In light of this information, a binder that completely degrades by 500 °C would 
be ideal, as it can accommodate a wide range of hydroxyapatite materials. 
Thermogravimetric analysis (TGA) was employed to determine the thermal 
properties of the binders, and the results are presented in Fig. 4-8. The salient feature that 
the analysis demonstrate was that only MC and GG underwent complete degradation, 
whereas approximately 10 mass% of the CMC remained at 1000 °C (Fig. 4-8 (a)). As 
mentioned, CMC possess a higher molecular weight than MC, and hence a higher burnout 
temperature was expected. However, the same would be true of GG, which is also a high-
molecular weight binder. The CMC analysed was a high viscosity grade, and thus the test 
was repeated on a CMC with a lower molecular weight4. However, the lower viscosity 
grade also did not completely degrade within the instruments temperature limit (1020 
°C). 
                                                 
4 Also purchased from Sigma Aldrich 
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Fig. 4-7. Examples of sintering profiles of three different hydroxyapatite samples5. As 
different hydroxyapatites possess different sintering profiles, the degradation behaviour 
of a binder will need to be determined to ensure that it is compatible with the ceramic 
(n=1).  
 
Alternative to the molecular weight, it could be deduced that the chemical composition 
of CMC was the cause of the increase in thermal stability, as CMC is known to be mixed 
with sodium monochloroacetate [337], and thus may contain inorganic functional groups 
that necessitates a relatively high degradation temperature. As a result of its high thermal 
stability, it was decided that CMC as a binder will be precluded from further studies. 
Another noticeable feature was the multi-modal degradation observed in all 
samples, which is an indication that the polymers have a heterogeneous structure [338]. 
It can be observed that the first MC degradation step occurred at approximately 250 °C, 
whereby ~ 80% of the polymer was degraded; followed by a second degradation step 
commencing at approximately 370 °C, where the remainder of the polymer was degraded; 
complete binder degradation had occurred by 490 °C.  Similarly, the first GG degradation 
had occurred from the start of the test until 125 °C, whereby 9 mass% of the binder was 
degraded; the second degradation step occurred between 235 to 315 °C, in which 
approximately a further 48 mass% loss was observed; the third degradation step occurred 
                                                 
5 HA3 is the same hydroxyapatite material referred to as C-HA in Chapter 7. HA1 and 
HA2 are hydroxyapatite batches that were initially used for this project, but were then 
discontinued by Plasma Biotal. The inclusion of this figure is to illustrate the variance in 
sintering properties with different hydroxyapatites.  
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between 320 and 460 °C, where a further 32% mass loss was observed; the final 
degradation step that led to complete degradation occurred at 465 °C until 510 °C.  
 
 
Fig. 4-8. TGA of (a) Methocel™, guar gum and two variants of carboxymethyl cellulose 
in air; (b) Methocel™ and guar gum under inert atmosphere; and (c) an example of 
discoid pellets de-bound under nitrogen atmosphere. The experiments revealed on MC 
and GG completely degraded in the presence of air, but not under inert gases (n = 1). 
 
MC and GG were also examined under inert gas (Fig. 4-8 (b)), where it was 
discovered that incomplete degradation had occurred. The data demonstrate that MC does 
not completely degrade under both nitrogen and argon atmosphere; and similarly, GG 
does not completely degrade under nitrogen atmosphere. Approximately 10% and 25% 
of binder mass remained for MC and GG, respectively. Fig. 4-8 (c) portrays discoid HA 
pellets fabricated using GG that were heated to 500 °C under nitrogen atmosphere. The 
figure highlights the char residue coating the pellets, which account for the incomplete 
degradation observed in Fig. 4-8 (b). Therefore, it was concluded that an oxidising 
atmosphere was needed to eliminate the carbonaceous coating and achieve complete 
degradation.  
(c) 
(a) (b) 
  94 
4.2 Extrusion 
Following binder screening, the next step was to investigate the additives’ performance 
for honeycomb extrusion, and correlate the results to the preceding analysis. This section 
begins by describing the extrusion kit used for fabricating the extrudates, followed by 
examining the effect of extrusion speed on extrudate quality. 
 
4.2.1 Extruder Design  
Extrusion was performed using a stainless-steel extruder that was designed in-house. The 
actuation of the piston was controlled by a servo-hydraulic press (Schenk 250). Initially, 
the extruder comprised a barrel, a piston and a honeycomb die, as illustrated in Fig. 4-9. 
An aluminium support was designed to allow visual access to the extrudate, as well as 
cutting thereof.  
 
 
Fig. 4-9. CAD model of the initial extruder setup. 
4.2.1.1 Die Design 
A 60 mm die was designed and manufactured for the fabrication process. A computder-
aided design (CAD) model of the honeycomb die is illustrated in Fig. 4-10. The die 
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comprised feed holes with a diameter of 1.2 mm, with a distance of 1.52 mm apart; the 
channels were 10 mm in length; and the pins that defined the pore shape were 10 mm in 
length, a width of ~ 1 mm, and a gap of ~0.6 mm between adjacent pins. The die was 
attached to the barrel by a combination of die flanges and a ring. 8 mm screws were used 
as fasteners (Fig. 4-11). 
 
Fig. 4-10. CAD rendering of the honeycomb die. 
 
 
Fig. 4-11. Image of the die, ring and flange setup. 
 
4.2.1.2 Compression and Vacuum Plates 
The initial setup was too inconsistent in producing successful extrudates. The extrudates 
presented with typical extrusion defects, such as delamination. Many attempts were made 
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to see if the paste formulation could be varied to improve the quality of the extrudate, 
however, this proved unsuccessful. It was then decided that the extruder setup required 
additional components. 
 The revised approach was to incorporate a compression plate to the extruder. This 
allowed for a pre-extrusion step of evenly flattening the paste, in order to ensure equal 
pressure is applied across the cross-sectional area of the paste during the extrusion run. 
In addition, a vacuuming element was incorporated to remove trapped air that may have 
been introduced, for example, during kneading. The new designs accommodated O-rings 
to ensure a seal was formed during vacuuming (Fig. 4-12).   
The pre-extrusion step entailed compressing pastes against the compression platen 
(Fig. 4-12 (a)). This compaction was performed manually by lowering the piston until 
forces of between 40-50 kN were reached. Subsequently, a diaphragm pump was 
switched on for 30 seconds to de-air the content of the extruder. A 6-mm 
polytetrafluoroethylene tube was used to connect the pump to the vacuum plate via the 
vacuum inlet.  
 
 
Fig. 4-12. CAD models of the compression plate (a) top and (b) bottom view, and the 
vacuum plate (c) top and (d) bottom view; which were used to ensure the paste was 
levelled prior to extrusion, and remove air pockets within the paste, respectively.  
Following the pre-extrusion step, the compression plate was removed and 
replaced with the die, and extrusion ensued. The revised approach was successful in 
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improving the consistency of extrudate quality, by removing air pockets, as well as 
ensuring the paste was evenly levelled before forced through the die. Fig. 4-13 depicts 
the levelled surface of the extrudate following the aforementioned pre-extrusion 
procedure.  
 
Fig. 4-13. Image of the compressed paste before extrusion. A levelled paste before 
extrusion ensured the pastes entered the die uniformly.  
 
4.2.2 Extrusion Speed 
The speed of extrusion was found to influence the quality of the extrudate. At lower 
speeds (1-100 mm/s), the extrudate had a tendency to warp, as illustrated in Fig. 4-14. 
The degree of warpage was decreased with increasing speeds. In the end, a speed of 250 
mm/s was settled for after trialling at speeds ranging from 1 to 600 mm/s. Warpage during 
extrusion could have occurred due to improper die alignment [229], however, careful 
alignment and measurement was used to ensure this was not the case. 
 
Fig. 4-14. Examples of two warped extrudates. Such deformation resulted in small 
cracking during thermal treatments. These extrudates were of HA and Methocel™. 
(a) (b) 
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4.2.3 Ideal Extrudable Paste Formulation 
As discussed in section 4.1, pastes with varying properties can be formulated. However, 
following extrusion trials, it was evident that not all formulations produced an extrudable 
paste. Furthermore, variations were observed between MC and GG, where the ideal paste 
formulation of the former required a higher stiffness, which was achieved by increasing 
the solids loading. Using DMA, failed pastes (pastes that extruded but were too soft), and 
pastes resulting in successful extrudates were compared; characterisation was performed 
on pastes once mixed. DMA revealed that GG pastes with a shear modulus of ~0.4 MPa 
produced successful extrudates (Fig. 4-15). On the contrary, MC pastes of comparable 
modulus resulted in soft extrudates (Fig. 4-16). It is plausible that MC pastes were 
affected by the shearing of the extruder to a greater extent than those formulated with 
GG. The paste composition of said pastes are enumerated in Table 4-2.  
 
Table 4-2. Paste composition of the extrudates portrayed in Fig. 4-16 and Fig. 4-15. 
Binder Constituents (vol%) 
 HA Binder Distilled water 
Methocel™ 38.3 7.8 54.0 
Guar Gum 34.4 5.7 59.9 
 
 
Fig. 4-15. Images of an ideal extrudate, from (a) top-down view and (b) isometric view. 
Delamination, small tears, flow warpage, or other deformations were not observed. 
This particular extrudate was formulated using HA and guar gum.  
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Fig. 4-16. Examples of extrudates with a low shear modulus. These pastes were difficult 
to handle due to their softness. 
 
For successful MC extrudates, the shear modulus needed to be in mega-pascal 
region before extrusion, rather than the sub-mega pascal range. These values ranged from 
5-30 MPa, depending on paste composition and ceramic raw material. It is uncertain as 
to the cause of the discrepancy between the two binders. Without an in-depth analysis 
between the two to understand the chemical composition and chemical structure thereof, 
and how said properties affect the rheology (e.g. storage modulus, loss modulus, yield 
stress), a complete conclusion cannot be drawn. It is possible that the manufacturer of 
MC tailored the proprietary formulation to be loaded with a high ceramic content, as a 
high ceramic loading will minimise the shrinkage during firing. As a result, the higher 
demand for solids loading increased the shear modulus, as outlined in Fig. 4-6. This value 
of shear stiffness was able to be extruded using the current setup, but could be impractical 
for other extrusion-based fabrication techniques that operate at lower pressures, such as 
robocasting.   
Additional differences were observed between MC and GG pastes by DMA. GG 
pastes presented with a wide plasticity region, whereas MC demonstrated no appreciable 
plasticity. Moreover, in-situ extrusion recordings revealed an indiscernible difference 
between the maximum extrusion force (Fig. 4-17), despite the difference in solids loading 
and DMA properties; albeit a difference in extrusion behaviour was descried following 
peak extrusion force. The maximum solids loading achieved with GG was 34.4 vol%, 
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whereas MC pastes were able to achieve 42.0 vol%. For this reason, MC was regarded as 
more favourable, and was the primary binder for this project.  
 
 
Fig. 4-17. Figure to illustrate the difference between Methocel and guar gum pastes 
during (a) extrusion (n=1) and (b) DMA tests (n=3). The data demonstrates that pastes 
with higher shear modulus detected by DMA manifested in pastes with a steeper 
gradient in the force-distance data observed during extrusion. 
 
 In summary: extrusion was performed following compaction and de-airing of the 
pastes; a speed of 250 mm/s was discovered to mitigate warping of the pastes; and DMA 
analysis revealed that successful MC and GG extrudates required a shear modulus within 
the mega pascal and sub-mega pascal range, respectively. The disparities in DMA 
characteristics highlight the versatility of extrusion in accommodating pastes with 
varying rheological properties.  
 
4.3 Thermal Treatment 
The final stage of the fabrication process will be to achieve permanence through 
densification. Prior to this, drying and thermal de-binding are required to extract the 
organic components on the extrudate. Accordingly, this section of the chapter describes 
the drying and de-binding that the extrudates were subjected to. 
 
(a) (b) 
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4.3.1 Drying 
The green bodies were composed of 25 – 35 mass% water, which makes the drying a 
critical step. Drying is a complex process that involves evaporation, fluid flow through 
permeable pores, and shrinkage. The former two induce macroscopic stresses (e.g. due to 
capillary forces) that lead to cracking. Fast evaporation results in high macroscopic 
stresses and hence large differential strains. Furthermore, drying may lead to “binder 
migration”, whereby the solvent carries dissolved binder as it evaporates. This too may 
cause macroscopic stresses.  
Preliminary trials in drying the extrudates in a furnace at temperatures as high as 
100 °C, down to 50 °C, for 24 hours at 5 °C/min resulted in the formation of cracks, of 
which some only became evident during subsequent thermal stages. It was concluded that 
these temperature ranges resulted in fast, detrimental drying. The best results were seen 
when extrudates were dried at room temperature. This was performed by placing the 
extrudates in a container for 24-48 hours prior to binder extraction.  
 
4.3.2 Thermal De-binding 
Similar to drying, excessive pressure can be produced from inside the green body during 
de-binding.  Binder composition ranged between 4 – 6 wt%, which is significantly less 
than that of water, but nonetheless incorrect handling can lead to cracking. De-binding of 
the extrudate was performed thermally. TGA was once again performed on successfully-
extruded pastes to elucidate changes in binder degradation within the admixture. It is 
known that in the presence of inorganic powder, the degradation shifts to higher 
temperature, as the binder is adsorbed onto the surface of the particles. Hence, higher 
energy is needed to counteract this adherence [223]. Moreover, TGA of pastes provided 
a quantitative means of determining the paste composition. The solvent and binder 
exhibited discrete temperature ranges for their respective extraction, and thus mass 
changes during these discrete ranges equated thereto. The final mass remained after the 
analysis equated to the ceramic solid loading. The TGA values correlated to the 
theoretical amount, despite the partial evaporation observed during mixing, and thus 
reaffirmed that the theoretical value could be accepted.  
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 Fig. 4-18 is an example of a TGA trace depicting pastes formulated using MC and 
GG. As can be observed, the initial mass loss was due to the water evaporation. The 
bimodal degradation observed in the raw MC powder was once more observed in the 
admixture, but the multimodal degradation observed in GG was less pronounced in pastes 
thereof. It can also be observed that the second MC degradation step occurred at a later 
temperature, and completely degraded by 750 °C. This was likely due to the extraction of 
binder that adhered on particles. 
 
Fig. 4-18. Examples of a TGA trace of pastes formulated using Methocel™ and guar 
gum. TGA analysis of the pastes revealed the binders to degrade at higher 
temperatures, in contrast to the as-received binder powder (n=1). 
 
 At 500 °C, an imperceptible amount of GG remained (Fig. 4-18). This was 
confirmed by SEM micrographs (Fig. 4-19 (b)), where it was revealed that the binder 
remained on the particle surface at 500 °C. Attempts to analyse samples de-bound above 
this temperature were unsuccessful, as samples were too weak due to insufficient green 
strength, and crumbled during sample preparation. However, SEM analysis of sintered 
scaffolds did not present with noticeable MC or GG residue, thereby indicating binder 
extraction occurred above 500 °C. Fig. 4-19 (a) is included to highlight the difference in 
paste morphology at 400 and 500 °C, where the adhered binder can be seen to start 
degrading in the latter. 
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Fig. 4-19. Scanning electron microscopy (in secondary electron mode) micrographs of 
a sectioned part of a hydroxyapatite extrudate formulated using guar gum subjected to 
temperatures of (a) 400 and (b) 500 oC. The micrographs revealed that guar gum 
remained adhered at said temperatures. 
 
De-binding and sintering had to be performed in two separate muffle furnaces, 
due to the acerbic nature of the binders and laboratory restrictions. Based on paste TGA, 
the extrudates were thermally de-bound in air at a maximum temperature of 400 °C, 
where the majority of the binder was eliminated. Extrudates were placed on an alumina 
crucible and inserted inside a muffle furnace situated inside a fume hood. However, the 
furnace could only reach temperatures of 1100 °C, which was below sintering range. 
Thus, the extrudates were transferred to a different muffle furnace capable of reaching 
higher temperatures once de-bound at 400 °C.  De-binding at 400 °C was opted for as a 
small amount of binder was left to impart enough strength to prevent the structure from 
collapsing during the transfer.  
 The heating rate at which to thermally de-bind the extrudates was empirically 
determined. Initially, a heating rate of 5 °C/ min was trialled, but as Fig. 4-20 illustrates, 
this resulted in cracks forming, which were later exacerbated by sintering. De-binding at 
3 °C/min was an improvement, however, cracks formed on extrudates after sintering. The 
ideal heating rate was 1 °C/min, where improvements to the integrity of the structure were 
observed. The results suggest a rate above 1 °C/min was excessively fast and initiated 
cracking. The same was true for both extrudates formulated using MC and GG.   
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Fig. 4-20. Images of guar gum-formulated extrudates that were subjected to different 
heating rates. The figure illustrates that 1 °C/min resulted in crack-free extrudates, 
whereas higher heating rates of 3 and 5 °C/min during de-binding resulted in cracks. 
 
As a result, a ramp rate of 1 °C/min was used with the following de-binding 
protocol: 
 Heat to 200 °C for 1 h; 
 Heat to 300 °C for 1 h; 
 Heat to 400 °C for 3 h; 
 Cool down to room temperature at 5 °C/min. 
Fig. 4-21 are front images of the extrudate depicted in Fig. 4-20 (c), used to illustrate the 
effects of the slow heating rate on the extrudates. After sintering, a small number of struts 
fractured, but this was superficial.  
 
Fig. 4-21. Front images of the extrudate from Fig. 16 (c) at different stages of the 
heating cycle. 
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4.3.3 Sintering 
Following drying and de-binding, the final thermal treatment was sintering, which is an 
irreversible process whereby a particulate system is transformed into a single, coalesced 
body. The transformation increases the system’s density, eliminating voids and in the 
process, enhances the strength. In conventional sintering, which is used herein, the driving 
force for this densification is a reduction in free energy, which is achieved by decreasing 
the surface area.  
Sintering parameters were determined by dilatometry analysis, and fabricating 
discoid pellets. The latter was opted for the hybrid materials that contained glass 
(Chapter 7), as the material would have reacted with the dilatometer’s sample holder and 
pushord and thus, damaged the instrument. Indeed, dilatometry was preferred where 
possible as it provided a more comprehensive detail of the sintering characteristics of 
materials (Fig. 4-7). As detailed in the subsequent results chapters, sintering analyses 
revealed that all samples except for one were densified by 1200 °C (Canasite, Chapter 
7). Accordingly, it was established that sintering of the biomaterials were to be performed 
in air at either 1200, 1250 or 1300 °C. Moreover, these temperature values were widely 
used by other researchers (section 2.4.9.4), which allowed for comparison of, for 
example, mechanical properties. Sintering was performed at nominal heating and cooling 
rates of 5 and 2.5 °C/min, respectively, unless otherwise stated. An example of a sintered 
extrudate is illustrated in Error! Reference source not found..  
 
4.4 Summary of Chapter 
The chapter herein highlights the steps involved in the fabrication of the scaffolds, and 
the rationale for the parameters chosen. Furthermore, the chapter illustrates the feasibility 
of fabricating extrudates using simply a binder and distilled water. Distinct polymeric 
binders were also successfully fabricated into honeycomb extrudates, emphasising the 
versatility of the technique to accommodate different rheological properties. The 
extrudates were then subjected to a slow thermal treatment in order to mitigate the 
occurrence of defects. Key findings determined during the optimisation procedure were: 
 An ideal mixing strategy for the order of mixing, and preventing partial 
evaporation of water. The order of mixing established was the mixing of the 
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ceramic powder and binder first, followed by incremental addition of distilled 
water; 
 High extrusion speeds minimised the paste flow warpage, with an extrusion 
speed of 250 mm/s found to produce warpage-free extrudates; 
 DMA analysis revealed paste stiffness in the order of 10-1 MPa for guar gum 
pastes, and 101 MPa for Methocel™ were suitable for extrusion; 
 Methocel™ was the most suitable for this research, as it can thermally degrade 
at 500 °C, which was a temperature prior to hydroxyapatite particle sintering. 
Furthermore, a higher solids loading was achieved with Methocel™ (38.3 vol%) 
compared to guar gum (34.4 vol%); 
 A slow de-binding rate of 1 °C/ min minimised defect formation during de-
binding and sintering. 
The chapter was centred on binders and their effects on extrusion. The following 
chapters will primarily focus on the effects of the raw ceramic powders using 
Methocel™ as the binder, the extrusion parameters determined, and the thermal 
treatments determined herein. 
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Chapter 5: Fabricating Calcium 
Phosphate Porous Scaffolds via 
Extrusion 
 
In the previous chapter, the effects of the binder and the extrusion parameters were 
detailed. The present chapter is first of three that centres on the raw ceramic powder, 
beginning with two most widely used calcium phosphates: Hydroxyapatite and β-
tricalcium phospate; and their effect on scaffold properties. The two materials were 
subjected to similar processing steps, except for sintering of the β-TCP scaffolds that was 
performed only at 1200 °C to prevent the anticipated phase transformation. Included in 
this work are characterisation of the starting powders, the formulated pastes and of the 
densified scaffolds. The purpose of this preliminary study was to gain an understanding 
into the effects of the starting powder on the final product fabricated via ceramic 
honeycomb extrusion.  
 
5.1 Introduction 
Hydroxyapatite (HA) and β-Tricalcium phosphate (β-TCP) are the most studied and 
surgically used calcium phosphates due to their advantageous properties [339]. For this 
reason, both were chosen for the initial study of fabricating calcium phosphate via 
honeycomb extrusion. HA, Ca10(PO4)6(OH)2, and β-TCP, Ca3(PO4)2, vary in their 
chemical composition, where HA has a hydroxyl group incorporated into its crystal lattice 
and β-TCP does not. Broadly speaking, HA scaffolds possess the higher strength, but also 
exhibit significantly lower bioresorpability, which is unsuitable for some bone grafting 
applications [340, 341]. This is believed to be as a consequence of the difference in 
chemical composition of said materials. Indeed, other factors contribute towards the 
properties of the scaffold, such as the particle properties and phase purity of the samples.  
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 As previously mentioned, the use of ceramic extrusion for the fabrication of β-
TCP and HA remains relatively unexplored. This chapter explores the potential of 
ceramic honeycomb extrusion for the fabrication of both HA and β-TCP scaffolds. The 
characterisation of the raw materials, and their effects on paste formulation and scaffold 
properties, are detailed below.  
 
5.2 Experimental Procedure 
5.2.1 Raw Materials 
Commercially available hydroxyapatite (Purum grade, Sigma Aldrich, U.K.) and β-
Tricalcium phosphate (batch 340S, Plasma Biotal, U.K.) were used for this study. The 
Methocel™ binder was as mentioned in Chapter 4. Distilled water was used as the 
solvent.  
 
5.2.2 Method 
The mixing, extrusion, and de-binding processes employed for this study were as detailed 
in Chapter 4. A one-step sintering strategy was used for densifying the extrudates, 
whereby samples were sintered to the designated temperature at a heating rate of 5 
°C/min, with a dwell time of either three or five hours, and a cooling rate of 2.5 °C/min. 
The characterization techniques used are all documented in Chapter 3. 
 
5.3 Results 
5.3.1 Raw Powder 
The effects of the raw powder on CaP scaffolds have been well documented. Suffice it to 
say, as the raw powders are the starting point of the fabrication process, their 
characterisation is needed to understand the effects on subsequent processing stages. For 
example, ceramic particles are available in a myriad of morphologies, and hence it is 
imperative that their properties are elucidated. 
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5.3.1.1 Physical Properties of the Raw Powders 
SEM analysis was employed to examine the morphology of the β-TCP and HA raw 
powders used, whereby stark differences were discovered. The β-TCP powder comprised 
a mixture of equiaxed, nano- and micron-sized particles, which were near-spherical in 
shape, as illustrated in Fig. 5-1.  
 
Fig. 5-1. Scanning electron microscopy (in secondary electron mode) micrographs of 
the TCP starting powder at different magnifications. 
On the other hand, the HA raw powder consisted of nano-sized primary particles that 
formed near-spherical agglomerates, as delineated in Fig. 5-2. Higher magnification SEM 
analysis (Fig. 5-2 (d)) placed the size of the primary particles at below 10 µm. 
The starting CaP powders were also analysed for their density, surface area and 
particle size distribution, and the results are enumerated in Table 5-1. The β-TCP powder 
exhibited a higher density and a wider particle size distribution, but a markedly lower 
surface area than that of the HA powder; both of which were statistically significant. The 
table clearly demonstrates that the β-TCP particles were larger. The β-TCP particle size 
distribution was found to range from 0.5 to 40 µm, whereas the HA powder ranged from 
0.1 to 13 µm. The HA powder was then subjected to vigorous comminution options 
available to the instrument (stirrer speed and ultrasound), but to no avail. 
(d) 
500 nm 
5 µm 
(a) 
1 µm 
(c) 
2.5 µm 
(b) 
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Fig. 5-2. Scanning electron microscopy (in secondary electron mode) micrographs of 
the HA starting powder at different magnifications. The particle sizes appeared to be 
markedly smaller than that of -TCP. 
 
  
Table 5-1. Physical properties of the -TCP and HA powders. The density was measured 
using a helium pycnometer (n = 3), BET using a BET surface analyser (n = 3)) and the 
particle size distribution using a particle size analyser (n = 5). All plus/minus signs 
represent the standard deviation. 
Sample Densitya 
(g/cm3) 
BET (m2/g)a Particle Size Analysis (µm)a 
D10 D50 D90 
β-TCP 3.11  
0.01 
8.97  2.9 1.36  0.17 3.65  0.26 13.6  1.41 
HA 2.90  
0.04 
107.91  6.1 0.45  0.04 2.49  0.02 7.57  0.17 
a An unpaired t-test was performed to determine the statistical significance. A significance 
was found between the -TCP and HA density and BET data (p < 0.05). 
 
50 µm 
(a) 
5 µm 
(b) 
500 nm 
(c) 
250 nm 
(d) 
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5.3.1.2 XRD and FTIR Analyses of the Raw Powders 
XRD and FTIR analyses were also performed on the starting calcium phosphate material, 
and the results are portrayed in Fig. 5-3 and Fig. 5-4, respectively. XRD analysis of the 
β-TCP powder confirmed the presence of β-TCP phases (PDF: 04-001-7104), with a trace 
HA phase (PDF: 01-089-4405), as highlighted by the red asterisk in Fig. 5-3 (a). The 
starting powder was confirmed as HA (PDF: 01-089-4405), and no secondary phases 
were detected. In contrast to the β-TCP pattern, the HA powder presented with a poorly 
defined XRD pattern that had broader peaks and lower peak intensities. 
 
 
Fig. 5-3. XRD pattern of the (a) -TCP and (b) HA starting powder. The blue asterisk 
indicates an HA secondary phase in β-TCP. No additional peaks were found in HA, as 
confirmed by the included powder diffraction file. 
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 Examining the β-TCP powder via FTIR analysis (Fig. 5-4 (a)) revealed 
characteristic β-TCP phosphate bands at 1120, 1100, 1045, 972, 945, 605 and 553 cm-1. 
An additional peak at 3570 cm-1 was also identified, which pertains to a hydroxyl group, 
thereby corroborating with the XRD data in the trace presence of a HA phase. FTIR 
analysis of the HA starting powder (Fig. 5-4 (b)) revealed characteristic HA phosphate 
peaks at 1089, 1038, 962, 875, 603 and 567 cm-1. Again, analysis of the raw powder 
presented with an ill-defined spectrum. Furthermore, the hydroxyl group at 630 cm-1 was 
not detected, and the peak indicative thereof at 3570 cm-1 was minute.  
 
 
 
Fig. 5-4. FTIR spectra of the as-received -TCP and HA. Both samples presented with 
a hydroxyl group at 3570 cm-1, indicating that the as-received -TCP was not phase 
pure. Additionally, HA possessed an ill-defined spectrum in respect to -TCP. 
 
5.3.1.3 Thermal Properties of the Raw Powders 
Thermal analyses were employed to determine a suitable sintering temperature for the 
starting calcium phosphate powders. Sintering is required for densification of a 
particulate ceramic compact. Dilatometry analysis can elucidate sintering characteristics, 
such as the onset of sintering, and hence, was employed to determine temperature points 
that can be used to form dense CaP scaffolds.  
Fig. 5-5 depicts the dilatometry and differential scanning calorimetry (DSC) 
analyses of the as received β-TCP powder. The β-TCP material underwent an initial 
shrinkage, which was attributed to sample dehydration, and thereafter proceeded to 
expand by 2% from ~ 100 °C to 950 °C, and subsequently began to sinter (highlighted by 
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the vertical red line). From the onset of sintering, the shrinkage proceeded until ~1220 
°C, where a minute decrease in the rate of shrinkage was observed until ~1260 °C. A 
transient and sharp expansion of 1% ensued, which was followed by a gradual expansion 
until the end of the test. Fig. 5-5 also displays a DSC curve were an endothermic trough 
reaction occurred at approximately 1220 °C.  
 
 
Fig. 5-5. Dilatometer (solid line) and Differential Scanning Calorimetry (dotted green 
line) curves of the TCP starting powder. The solid red line highlights the sintering 
onset. The transient expansion observed in the dilatometry at ~1220 °C is believed to be 
due to phase transformation, which corresponded to an endothermic event in the DSC. 
 
 
Fig. 5-6. Dilatometer curve of the HA starting material. The solid red lines are used to 
highlight the onset and end point of sintering. Compared to -TCP, HA had a lower 
sintering onset, and a greater maximum linear shrinkage. 
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Fig. 5-6 delineates the HA powder dilatometry results. The material presented 
with linear shrinkage from the outset, with an initial but gradual shrinkage of 
approximately 1% until ~ 650 °C, where the rate of shrinkage markedly increased until ~ 
850 °C. During this temperature range, the HA material exhibited shrinkage of ~ 20%, 
resulting in a total shrinkage of approximately 21%. At 850 °C, the material underwent 
no further shrinkage until the end of the analysis. The data did not present with phase 
transition characteristics, and therefore, inferred that temperatures of up to 1300 °C will 
produce a phase-pure sample.  
 
5.3.1.4 Summary of -TCP and HA Raw Materials  
In summary, the calcium phosphate starting material were characterised to determine 
their particle characteristics, purity and thermal properties. Particle analyses revealed 
distinct morphologies, with the β-TCP powder comprising of both nano and micron-sized 
particles; whereas HA was comprised of nano particles that had a high tendency to form 
micron-sized agglomerates. Chemical analyses revealed that both the β-TCP and HA 
starting materials were nonstoichiometric. Finally, thermal analyses demonstrated the 
relatively lower sintering onset and endpoint of HA, as well as the noticeably higher total 
shrinkage. Moreover, dilatometry and DSC analysis revealed a thermal event occurs in 
β-TCP at approximately 1220 °C.  
 
5.3.2 Paste Properties 
The calcium phosphate powders were mixed with Methocel™ and distilled water to form 
a plasticised ceramic paste, and their respective compositions are displayed in Table 5-2. 
An arbitrary ratio of ceramic powder-to-binder 10:1 was used. The ratio was successful 
for formulating a paste using β-TCP, however, a HA paste could not be formed. After 
several attempts, it was found that more distilled water was required for forming a paste 
using the HA, thereby resulting in a paste with a lower ceramic solid loading.  
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Table 5-2. The contents and mass% of the -TCP and HA pastes. 
Material Paste composition (mass%) 
 Ceramic Binder Distilled Water 
β-TCP 62.2 6.2 31.5 
HA 57 6 36 
 
The pastes were loaded into the barrel of the extruder and then extruded. The 
average forces required for extruding the β-TCP and HA pastes through the honeycomb 
die were 19.31  3.05 and 44.01  4.0 kN, respectively. Therefore, the force required to 
extrude the HA was more than double of that required for the β-TCP paste.  
 
5.3.2.1 Rheological analysis: DMA 
Dynamic mechanical analysis (DMA) was also conducted on the two calcium phosphate 
pastes that were formed, and the results are displayed in Fig. 5-7 in the form of a shear 
stress-strain curve. The elastic moduli of β-TCP and HA pastes were 10.2  1.5 MPa and 
25.8  2.9 MPa (n=3), respectively. Furthermore, the HA paste was also found to have a 
lower plasticity region, as indicated by the plastic region following the elastic region 
illustrated in Fig. 5-7. 
 
Fig. 5-7. Plot of the dynamic mechanical analysis performed on -TCP and HA pastes. 
Formulation of the latter resulted in stiffer pastes, with a smaller yield stress. (n=1) 
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5.3.3 Scaffold properties 
Following extrusion, the extrudates were dried, de-bound and then sintered. Both sets of 
extrudates were subjected to the same drying and de-binding protocol detailed in Chapter 
4. In order to avoid phase transformation, the β-TCP extrudates were only sintered at 
1200 °C, whereas the HA extrudates were sintered at 1200, 1250 and 1300 °C. After 
sintering, the β-TCP remained white, whereas the HA extrudates transformed from a 
white particulate structure to a blue densified structure. Fig. 5-8 are optical microscopy 
images that demonstrate the cell and strut structure of β-TCP and HA.  
 
 
Fig. 5-8. Optical microscope images depicting the cell and strut structure of the (a) -
TCP and (b) HA scaffolds. Both scaffolds maintained a symmetrically square cell 
shape. 
    500 µm 
TCP (a) 
500 µm 
HA (b) 
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As illustrated, symmetrically square cell shapes were fabricated using both materials. 
Optical microscopy was used to measure the cell and strut dimensions. Sintering the β-
TCP at 1200 °C resulted in cell lengths of approximately 750 µm, and strut widths of 
approximately 400 µm. The HA cell length and strut width were approximately 650 and 
360 µm, with no significant changes to the sizes as the sintering temperature was raised. 
Thus, the HA scaffolds underwent a higher degree of shrinkage following sintering than 
β-TCP. This corresponded well with the dilatometry data in Fig. 5-5 and Fig. 5-6, which 
suggested that HA possessed a higher degree of shrinkage. 
 
5.3.3.1 XRD and FTIR analyses of HA and β-TCP Scaffolds 
Chemical analyses were performed to determine the effects of the previous processing 
steps, on the scaffolds, particularly sintering. For these analyses, parts of the extrudate 
were sectioned off, and crushed and ground into powders using percussion and pestle 
mortars, respectively. Analysing in powder form allowed for a more homogenous 
analysis of the scaffolds, rather than just the superficial chemical structure.  
 
5.3.3.1.1 XRD 
XRD was employed to determine the phase purity of the calcium phosphate scaffolds, 
and the corresponding results are portrayed in Fig. 5-9. The XRD pattern of the sintered 
β-TCP powder (Fig. 5-9 (a)) was confirmed as phase pure β-TCP (PDF: 04-001-7104). 
The trace hydroxyapatite peak at 31.5o that was detected in the as-received powder was 
absent (Fig. 5-3 (a)).  
 The XRD pattern of all three sintering temperatures used for the HA scaffolds are 
portrayed in (Fig. 5-9 (b)). By sintering the raw material at 1200 °C, an improvement to 
peak crystallinity was observed, as evidenced by the sharper peaks. Increasing the 
sintering temperature to 1300 °C resulted in a noticeable increase in peak intensity, albeit 
an unremarkable difference was observed when between 1200 and 1250 °C. However, 
small peaks of tetracalcium phosphate (TTCP) (Ca4(PO4)O) were detected in the samples 
sintered at 1300 °C that were not previously evinced (PDF: 00-025-1137). 
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Fig. 5-9. XRD pattern of the (a) -TCP, which was phase pure, and (b) HA scaffolds 
sintered at the respective temperatures. The red asterisks highlight peaks pertaining to 
tetracalcium phosphate, which were only observed at 1300 °C, hence indicating 
scaffolds thereof were not phase pure. 
 
5.3.3.1.2 FTIR 
FTIR analysis was also performed on the sintered samples, and the results are depicted in 
Fig. 5-10. The β-TCP sample sintered at 1200 °C consisted of the same phosphate groups 
observed in the as-received powder, however, the hydroxyl group pertaining to HA at 
3570 cm-1 was no longer present (Fig. 5-10 (a)). Furthermore, the peak at 1045 cm-1 
divided into two, as can be seen in Fig. 5-10 (a).  
According to the FTIR data, sintering of the HA scaffolds resulted in several 
chemical restructurings of the material. First, the emergence of a minute peak at 945 cm-
1 pertaining to a β-TCP phosphate group appeared, which became more evident by 1300 
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°C. Furthermore, the trace hydroxyl group at 3570 cm-1 was also more evident in samples 
sintered at 1200 and 1250 °C when compared to the as-received powder. Despite the 
hydroxyl group’s noticeable appearance at 3570 cm-1, the OH- group characteristically 
found in stoichiometric HA at 630 cm-1 remained absent. Moreover, peak shifting to 
higher wavenumbers was observed in the large intensity peak, from 1038 to 1045 cm-1. 
Lastly, with increasing temperature, the peaks can be seen to narrow and decrease in 
intensity, which indicated an increase in crystallinity with increasing temperature.  
 
Fig. 5-10. FTIR spectra of the (a) -TCP and (b) HA sintered samples. A phase pure -
TCP was obtained when sintered at 1200 °C, as the hydroxyl band at 3570 cm-1 was not 
detected thereat; whereas the HA presented with an additional phosphate band 
(denoted as -TCP) when sintered. (AR – as received). 
 
5.3.3.2 Physical Properties of Scaffolds 
The scaffolds’ resultant bulk porosity and maximum compressive strength were 
investigated, and the measurements are recorded in Table 5-3 and Table 5-4. As Table 
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5-3 delineates, sintering the β-TCP at 1200 °C led to a bulk porosity of 53.6 vol%. The 
β-TCP scaffolds were examined to determine their compressive strength. As the β-TCP 
extrudates were only sintered to one temperature, this provided the opportunity to 
examine the compressive strength thereof both parallel and perpendicular to the cell 
direction. Applying the load parallel to the cell (i.e. A-axis) resulted in an average 
maximum compressive strength of 23.6  5.7 MPa; whereas examining the scaffolds in 
the perpendicular direction (i.e. B-axis), resulted in a compressive strength of 7.4  1.8 
MPa. Thus, β-TCP scaffolds fabricated by ceramic honeycomb extrusion displayed 
anisotropic mechanical strengths. 
 
Table 5-3. -TCP bulk porosity (n = 3) and compressive strength (n = 8) sintered at 1200 
°C. The ‘’ represents the standard deviation. The scaffolds were found to be weaker 
when tested in the B-axis (perpendicular to cell alignment).  
Sintering Temperature  
(°C) 
Dwell Time 
(h) 
Bulk Porosity 
(vol%) 
Compressive Strength 
(MPa)a 
1200 3 53.6  1.7 A- 23.6  5.7 
B- 7.4  1.8 
a A statistical significance was determined using an unpaired t-test (***; p< 0.05) 
The HA scaffolds were sintered at various temperatures and dwell times, and the 
results are depicted in Table 5-4. It was observed that increasing the sintering temperature 
resulted in strengthening of the mechanical properties. When sintered with a dwell time 
of three hours, the compressive strength increased by 109% between 1200 and 1250 °C, 
and by34% between 1250 and 1300 °C. Whereas with a dwell time of five hours, an 
increase of 130% was observed between 1200 and 1250 °C, and 50% between 1250 and 
1300 °C. Thus, both exhibited a greater increase between 1200 and 1250 °C, than between 
1250 and 1300 °C. A one-way Anova test revealed a significant difference between all 
three data sets: increase in strength between sintering at 1200 and 1250 °C (p< 0.001), 
and also between 1250 and 1300 °C (p < 0.05), where found to be significant. With a 
dwell time of five hours, a significant difference was observed between the values 
sintered at 1200 °C, to those sintered at 1250 (p< 0.01) and 1300 °C (p< 0.0001); however 
between 1250 and 1300 °C the data was found to be statistically invariable. A non-
parametric, unpaired t-test was performed to determine whether the difference between 
the dwell times at each of the sintering temperatures, revealed only a significant 
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difference was observed between the values obtained at 1200 °C (p< 0.05). This suggests 
that increasing the dwell time produces less variation in data. Regarding the bulk porosity, 
although a general trend appeared, in that increasing the sintering temperature resulted in 
a decrease in thereof, one-way Anova tests revealed a statistically significant decrease 
only between values sintered at 1200°C to the other two sintering temperatures, for both 
dwell times (p< 0.05); the bulk porosity values between 1250 and 1300 °C were found 
not to be statistically significant. A non-parametric, unpaired t-test revealed the data 
between dwell times at each sintering temperature to be statistically invariable.  
 
Table 5-4. HA bulk porosity, as determined by the helium pycnometer method (n = 3; 
plus/minus sign indicates the standard deviation), and maximum compressive strength in 
the A-axis, at varying sintering temperatures and dwell times (n = >8; ‘’ indicates the 
standard deviation). The statistical analyses are reported in the paragraph above. 
Sintering Temperature 
(°C) 
Dwell Time 
(h) 
Bulk Porosity 
(vol%) 
Compressive Strength 
(MPa) 
1200 3 48.1  3.9 10.6  2.3 
5 50.9  5.3 8.5  1.2 
1250 3 37.9  1.2 22.2  5.0 
5 40.2  2.3 19.6  6.3 
1300 3 35.2  3.2 29.8  8.6 
5 32.5  0.1 29.4  8.9 
 
5.3.3.3 Microstructural Properties of HA and β-TCP Scaffolds 
Following the compression tests, fragmented samples were examined using an SEM to 
explicate the relationship between the microstructure and compressive strength, as well 
as to examine the grain morphology. 
5.3.3.3.1 Fracture Surface 
SEM analysis was also conducted to further elucidate the effects of the processing 
procedure on the microstructure. SEM micrographs at the fracture site of the samples 
were taken, and the results are displayed in Fig. 5-11 and Fig. 5-12.  
SEM analysis elucidated the fracture behaviour of the β-TCP samples when 
loading was subjected in different directions. In the A-axis, the scaffolds were found to 
principally fracture at the midpoint of the struts, as illustrated by Fig. 5-11 (a). It was 
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observed that the propagation of the main crack was parallel to the load direction. In 
contrast, no principle crack was observed when the load was applied perpendicular to the 
cells. Instead, struts that were perpendicular to the loading direction collapsed on top of 
each other. The results are illustrated in Fig. 5-11 (b), where it was discovered that the 
perpendicular struts remained whole but with recesses of where the parallel struts were 
previously adjoined. The recesses suggested the dislodgement of the parallel struts. With 
regards to the mode of fracture, higher magnifications revealed that both inter- and 
transgranular fractures were detected in both loading axes, as illustrated in Fig. 5-11 (c 
& d). In addition, SEM images revealed the scaffolds exhibited both nano- and micron-
sized pores.  
 
Fig. 5-11. Scanning electron microscopy (in secondary electron mode) micrographs of 
the -TCP fractured surfaces, representative of samples subjected to loading in the A-
axis (a & c) and the B-axis (b & d). The micrographs illustrate the different fracturing 
behaviour occurred when the scaffolds were subjected to different compression loading 
axis. In the A-axis, struts were found to fracture longitudinally at the midpoint (a); 
whereas when scaffolds were subjected to loading in the B-axis, the scaffolds were 
dislodged resulting in recesses (b). Both presented with mix-mode fracturing at higher 
magnification.  
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 Fig. 5-12 are micrographs of the HA fracture sites. Similar to β-TCP, mix-mode 
fracturing was observed. Furthermore, SEM imaging revealed that the sintering 
temperatures selected resulted in complete densification of the HA scaffolds, where the 
presence of micro-pores were considerably more scarce. Fig. 5-13 are SEM micrographs 
used to clearly highlight the difference in the level of porosity between hydroxyapatite 
and β-tricalcium phosphate scaffold microstructure at the fracture sites. 
 
Fig. 5-12. Scanning electron microscopy (in secondary electron mode) micrographs of 
the fractured HA sites when compression loaded in the A-axis. Compared to -TCP, HA 
had undergone significant densification, thereby resulting in scarce micro-porosity. 
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Fig. 5-13. Scanning electron microscopy (in secondary electron mode) micrographs of 
the calcium phosphate fracture sites sintered at 1200 oC, when compression tested in 
the A-axis. The figure is used to highlight the difference in the level of porosity, which 
were seldom observed in HA. 
 
5.3.3.3.2 Grain Morphology of HA and β-TCP Scaffolds 
Imaging of the calcium phosphate grains were also examined, and the results are outlined 
in Fig. 5-14 and Fig. 5-15. The micrographs revealed that the β-TCP exhibited grain sizes 
of less than 5 µm, including grains that underwent abnormal growth. Moreover, mix-
mode cracks (Fig. 5-14 (a)) and intergranular porosity (Fig. 5-14 (b)) were observed on 
the surface. Such features were found in both A- and B-axis samples. 
 
 
Fig. 5-14. Scanning electron microscopy (in secondary electron mode) micrographs of 
the β-TCP surface, depicting the grain morphology of the sample. Note the lack of 
secondary grain structures, which were observed in the HA grains (Fig. 5-15). 
Furthermore, micro-cracks were observed on the -TCP grains, which were not 
observed in HA. 
HA 
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 Fig. 5-15 are micrographs portraying the grain morphology of the HA samples. 
The micrographs revealed sintering at 1200 °C produced similar grain sizes to that of its 
β-TCP counterpart, and grew in size with increasing sintering temperature. Moreover, 
increasing the sintering temperature resulted in an increasing presence of abnormal grain 
growth. In contrast to the β-TCP microstructure, no micro-cracks or micro-porosity were 
observed in or around the HA grains. However, the presence of secondary grains were 
observed, and their prevalence grew with increasing temperature. At higher 
magnifications, the secondary structures were revealed to comprise of a cluster of nano-
sized grains that emanated from the grain boundaries.  
 
Fig. 5-15. Scanning electron microscopy (in secondary electron mode) micrographs 
depicting the HA scaffold surface at varying sintering profiles. These images 
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demonstrate the secondary grain structures emanating from the grain boundaries, with 
further growth thereof observed with increasing sintering temperature. The secondary 
grain structures are believed to pertain to secondary calcium phosphate phases.  
 The width of the HA grains at different sintering temperature and dwell times 
were measured using the ImageJ software, and the results are portrayed in Fig. 5-16 (a). 
The grain sizes at a dwell time of three hours were 2.2  0.7, 4.8  1.6 and 7.3  2.2 µm 
at 1200, 1250 and 1300 °C, respectively; which corresponded to an increase of 118% and 
52%, respectively. A one-way ANOVA test revealed such increases in grain sizes to be 
statistically significant (p< 0.001). For a dwell time of five hours, the grain sizes 2.7  
1.2, 6.6  2.2 and 9.4  2.5 µm at 1200, 1250 and 1300 °C, respectively; which was an 
increase of 144% and 42%, respectively. A one-way ANOVA once more revealed that 
the grain size increased with sintering temperature (p< 0.0001). Regarding the effect of 
dwell time, a parametric, unpaired t-tests revealed a significant difference at 1250 and 
1300 °C (p< 0.05), but not at 1200 °C. Therefore, the analysis revealed that increasing 
the sintering temperature can significantly increase the grain size, and that increasing the 
dwell time to five from three can also significantly affect the grain sizes at 1250 and 1300 
°C. An Arrhenius plot (Fig. 5-16 (b)) was derived from plotting the grain sizes as a 
function of holding time, which allowed the activation energy of grain growth across all 
three sintering temperatures to be calculated. The activation energies for the HA scaffolds 
at dwell times of three and five hours were determined from the slope of the line of best 
fit, which were 53.4 and 59.1 kcal/mol, respectively. These values are comparable to what 
has been previously reported for HA [342, 343]. 
 
Fig. 5-16. Plots outlining the (a) grain sizes and (b) corresponding Arrhenius results of 
the HA scaffolds. Increasing the sintering temperature increased the grain size, 
whereas the holding time produced an insignificant difference thereto. (n = 20; error 
bars represent the standard deviation).  
(a) (b) 
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5.3.3.3.3 EDS analysis 
Energy dispersive spectroscopy (EDS) was utilised to provide an elemental map of the β-
TCP microstructure. EDS analysis of the HA samples will be discussed in Chapter 7. 
EDS mapping was performed to elucidate the elemental distribution of grains, and 
Fig. 5-17 illustrates an EDS map that typified the results. The results illuminated the 
homogenous distribution of phosphor throughout the microstructure whereas, calcium 
and oxygen detection were scarce at the grain boundaries, with the latter’s scarcity more 
noticeable. Furthermore, oxygen-deficient areas were observed to be congruent with 
grain boundaries. EDS mapping was also used to compare the elemental composition of 
crack-free sites to that of sites exhibiting cracks, however, the difference in elemental 
distribution was unremarkable. Hence, a correlation between elemental distribution and 
crack propagation could not be deduced using EDS analysis. 
 
 
Fig. 5-17. A representative EDS map of a fracture found in -tricalcium phosphate 
scaffold. The analysis revealed the presence of calcium, phosphorus and oxygen within 
the -TCP grains. 
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5.4 Summary of Scaffold Properties 
 Characterisation of the raw powders revealed nonstoichiometric starting materials 
with distinct particle morphologies. The HA powders consisted of nano-sized primary 
particles that had a tendency to agglomerate, whereas β-TCP comprised a mixture of 
nano- and micro-sized particles. The difference in particle properties resulted in β-TCP 
attaining a paste with a higher solids loading, whereas the HA required more distilled 
water in order to formulate an extrudable paste.  
 Scaffolds of β-TCP and HA were successfully fabricated, where it was ascertained 
that β-TCP possessed both a higher bulk porosity and compressive strength. A 
comparable compressive strength was achieved with the HA scaffolds when sintered at 
1300 °C, however, this was at the expense of the bulk porosity. In addition, the 
compressive strength of β-TCP scaffolds perpendicular to cell alignment was 
investigated, where it was discovered that the scaffolds displayed heterogeneous 
mechanical properties. The chemical analyses of the scaffolds showed stoichiometric β-
TCP scaffolds, whereas the HA scaffolds were composed of trace amounts of other CaP 
phases.  
 Finally, SEM analysis elucidated the effects of the processing parameters on the 
scaffolds’ microstructure, where the presence of secondary phases on HA were evinced. 
Moreover, it was observed that the HA samples densified to such an extent that no micro-
pores were observed. In contrast, β-TCP comprised said pores and was free of secondary 
structures. A difference in fracture mechanism was observed between β-TCP scaffolds 
subjected to compressive loads in the A- and B-axis. 
 
5.5 Discussion 
5.5.1 The Effects of the Raw material on the Extrusion Process 
The calcium phosphate materials used to fabricate the scaffolds have produced 
contradictory results to previous work [242, 344-346]. These previous studies have found 
that β-TCP is mechanically weaker than HA. However, the unexpectedly higher 
compressive strengths thereof could be understood by comparing the differences between 
the β-TCP and HA powder morphology and the phase purity of the sintered scaffold. 
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Several studies have demonstrated the benefits of using nano-sized particles to 
enhance the mechanical strengths of calcium phosphate scaffolds [232, 347]. The main 
contribution of nano-sized particles to the scaffold strength is their tendency to form 
smaller grain sizes, as smaller grain sizes are known to attenuate crack propagation, which 
is known as the Hall-Petch relation [348]. Furthermore, the benefits of smaller grain sizes 
are also realised during biological studies [193]. Hence, one would expect that the 
hydroxyapatite used for this study would yield the higher mechanical strength [349-352]. 
5.5.1.1 Confirming the Nature of the Raw Powders 
5.5.1.1.1 Physical Properties 
Scanning electron microscopy inferred that the HA powder may have comprised of nano-
sized particles, and particle size analysis revealed a bimodal distribution of nano- and 
micro-sized particles. However, it was the BET and XRD analysis that confirmed the 
sizes to be in the nano region. The BET value of 107.91 m2/g is in the nano-region for 
particles [353], and as mentioned below, an ill-defined XRD pattern is indicative of nano-
sized particles. This prompted the use of higher SEM magnification which began to reveal 
the presence of nano-sized primary particles. In contrast, the β-TCP powder, which 
comprised of both nano- and micro-sized particles, produced a well-defined XRD pattern, 
and possessed a surface area value that was considerably lower. Thus, it was concluded 
that the HA powder was nano in size and that inter-molecular forces resulted in the strong 
tendency of the nano primary particles to agglomerate; hence why the particle size 
analyser detected micro-sized particles. Moreover, higher SEM magnification revealed 
that the micro-sized β-TCP particles were comprised of nano-sized grains, which suggest 
that the manufacturer calcined the powder to achieve this bimodal particle size. The 
significantly lower surface further suggests that the particles are coalesced together rather 
than weakly bonded. Bimodal particle size distribution are favoured in powder metallurgy 
as they lead to a higher packing density, in which the smaller particles fill the voids 
between the larger particles, thereby increasing the density of the green and sintered body 
[332].  
One benefit of using the current powders was that both were comprised of near-
spherical shapes, which are beneficial for formulating a ceramic paste, as spherical 
particles are known to have the highest packing density [223]. The more particles that can 
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be suspended in the polymer gel, the less shrinkage is to be expected during densification, 
and consequently resulting in less defects.  
 
5.5.1.1.2 Chemical Properties 
Chemical analyses of the powder revealed that both β-TCP and HA were 
nonstoichiometric in nature. The HA powder did not display crystal phases or functional 
groups pertaining to other calcium phosphates, however, and in contrast to the β-TCP 
data, both the XRD pattern and FTIR spectra were poorly defined, which is suggestive of 
nano-sized particles [342, 354]. Furthermore, the HA powder lacked one of the two 
hydroxyl group bands typical in stoichiometric HA, which was the librational and 
stretching of OH- band at ~ 631 cm-1 [298, 302, 355-357], as observed in the FTIR 
spectrum in Fig. 5-4 (b).  
Following the clarification of powder morphology and chemical purity, it was 
possible to correlate the results of the subsequent processing steps thereto, starting with 
the paste formulation.  
 
5.5.1.2 The Effects of the Raw Powder on Paste Properties 
Extrudable pastes were successfully formulated, using only Methocel™ and distilled 
water to impart plasticity. The first notable difference between the CaP powders was that 
a higher solid loading was achieved with the β-TCP powder than the HA powders. 
Attempts to increase the HA solids loading resulted in the paste globules discussed in 
Chapter 4, and thus required more distilled water to achieve a coalesced paste. It was 
believed that the higher surface area of the HA particles necessitated the need for more 
binder coverage, thereby decreasing the ceramic-to-non-ceramic ratio of the paste. 
 However, despite attaining an extrudable paste, DMA and extrusion data revealed 
the CaP pastes to exhibit different flow characteristics. The DMA measurements 
demonstrated that the HA paste in comparison to the β-TCP paste exhibited a limited 
plasticity region, as well as an approximately 2.5-fold increase in both the extrusion force 
and shear stiffness. This could be due to the agglomeration characteristics of the HA 
powder, which may have prevented the complete coverage of the primary particles by the 
binder and solvent, as illustrated in Fig. 5-18. One function of the binder was to form a 
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lubricating layer between the ceramic particles, thus facilitating particle flow during 
extrusion. However, the binder may have only coated the agglomerates, and hence, the 
primary particles were forced to slide past one another to flow in the direction of the 
extrusion, thereby resulting in the markedly higher extrusion forces [229, 358]. The 
benefit of reducing the extrusion force from an industrial perspective include reducing 
the running costs of the process. 
Agglomeration is a dynamic process, in which re-agglomeration can occur 
following de-agglomeration. Despite the vigorous attempts to de-agglomerate the powder 
using the high-energy shear mixer, future studies will require an alternative approach. It 
is possible that re-agglomeration occurred once mixing ceased, or perhaps when the 
distilled water was introduced. The current mixing strategy utilised culminated in the HA 
powder requiring a markedly higher force to extrude. As for the β-TCP paste, despite 
achieving a higher solid loading, it can be inferred that more of the primary particles were 
coated by the binder, which allowed them to easily flow during extrusion flow; hence, a 
lower extrusion force was needed [223].  
 
Fig. 5-18. Diagram portraying the difficulties in coating agglomerated ceramic particles 
with a binder. The image on the right depicts the ideal scenario, where all of the 
individual primary particles are dispersed and coated by the binder gel. The image on 
the left depicts the difficulty in a binder penetrating an agglomerate. An insufficient 
binder coating of the hydroxyapatite primary particles resulted in particle-particle 
contact during extrusion, and demanded a higher extrusion force.  
Binder 
Particle 
Binder-free 
zone 
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Therefore, using nano-particles with the current mixing strategy may require additional 
processing treatments to achieve flow characteristics seen with the β-TCP pastes. The 
first problem that will need to be addressed is the high surface area that demands more 
binder coverage to lubricate the system. The second issue is the high tendency of the 
particles to agglomerate, which is again a consequence of high surface area. 
 
5.5.1.3 The Effects of the Raw Powder on Scaffold Properties 
Following extrusion, the calcium phosphate samples were subjected to a slow procedure 
of drying and thermal de-binding in order to eliminate the non-ceramic components from 
the extrudate. Upon removal from the furnace, a noticeable change in colour occurred in 
the HA extrudates between de-binding and sintering, whereby the extrudate displayed a 
blue appearance, having previously been white. This behaviour is common when upon 
sintering of HA [350, 359-361], and is attributed to manganese contamination during 
synthesis, and the oxidation thereof [360]. 
 Prior to sintering, thermal analyses were performed to determine suitable sintering 
temperature ranges to utilise for densifying the HA powders. Most researchers use a 
sintering temperature in the range of 1100-1300 °C. Dilatometry analysis of HA revealed 
that the samples would be densified by then, however, with β-TCP it was less obvious, 
which in contrast to HA, did not present with a clear sintering endpoint. β-TCP sintering 
was limited by the phase transformation into α-TCP: the mechanically weaker polymorph 
of β-TCP. Phase decomposition of β-TCP into α-TCP has been previously reported in the 
range of 1125 to 1280 °C [157, 362]. The variation in results is believed to be due to the 
differences in, for example, particle properties [363] and powder purity [364]. The phase 
transformation is accompanied by a volume expansion, as Fig. 5-5 portrays, which creates 
mechanical stresses that initiate micro-cracks within the material [344, 364, 365]. 
Therefore, to avoid the phase transformation, all of the β-TCP scaffolds were only 
sintered at 1200 °C. The dilatometry results of the hydroxyapatite powder did not present 
with phase transformation characteristics. As a result, HA scaffolds were sintered at 1200, 
1250 and 1300 °C (Fig. 6-9).  
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5.5.1.3.1 Chemical Structure 
Chemical analyses of the as-received β-TCP powder revealed trace amounts of 
hydroxyapatite, however, after sintering the scaffolds at 1200 °C, evidence thereof, or 
any other CaP phase, were not detected. The loss of HA phase can be attributed to the 
liberation of the OH- that occurs at high temperatures. The peak splitting at 1045 cm-1 
may have been as a result of the chemical restructuring that occurred, caused by the 
liberation of the hydroxyl group; a weak hydrogen bond is known to form between the 
phosphate and hydroxyl function groups [303].  
In contrast, the HA scaffolds exhibited additional CaP phases when sintered, 
despite not displaying any impurities in the starting powder. The HA partially 
decomposed into β-TCP, as well as TTCP, which are common products of HA 
decomposition [366]. The sintering temperature of HA was limited to 1300 °C, as 
previous studies have demonstrated that temperature above this value result in thermally-
induced phase transformation of HA. This form of phase transformation may have 
occurred at lower temperatures in the present study because of the HA raw powder, as 
nano-sized ceramic particles have been reported to enhance the sintering process. This 
was corroborated by the dilatometry measurements as the HA material exhibited a 
considerably higher shrinkage, which inferred the raw powder was susceptible to 
enhanced densification [227]. Nano particles possess a greater surface area that requires 
less energy to coalesce the adjacent particles. Hence, the phase transformation observed 
could be attributed to the particle size, which reduced the temperature threshold for the 
decomposition event to occur. 
In addition, the temperature threshold may have been reduced because the HA 
powder used herein was nonstoichiometric. The FTIR spectra of the HA powder revealed 
the absence of the hydroxyl group at 630 cm-1, and thus expediting the decomposition 
process. Previous studies have demonstrated that sintering HA in the presence of moisture 
precludes dehydroxylation, and hence, concluded that the availability of the hydroxyl 
group is key to preventing HA decomposition [367]. Thus, the expedited decomposition 
of HA can be partly attributed to the nonstoichiometric characteristics of the raw powder.  
The chemical analyses of both β-TCP and HA infer that the former is favoured at 
higher temperatures due to dehydroxylation. As a result, β-TCP scaffolds were phase 
pure, whereas, the HA scaffolds consisted of anhydrous CaP impurities. From the 
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chemical analyses, it can be concluded that sintering of the HA scaffolds resulted in the 
following decomposition equation: 
 
Ca10(PO4)6(OH)2  2 β-Ca3(PO4)2 + Ca4(PO4)2O + H2O 
 
5.5.1.3.2 Physical and Mechanical Properties 
As previously mentioned, HA normally exhibits the higher mechanical properties of the 
two. The results obtained in this study contradict the aforementioned general consensus 
regarding HA and β-TCP mechanical strength. Examining the one comparative 
compressive strength data at 1200 ºC, the β-TCP obtained a value twice that of HA, albeit 
displaying similar bulk porosity values. Additionally, the latter’s microstructure was 
visually more dense, hence, given the reciprocal relationship between strength and 
porosity, one would expect the HA scaffolds to possess a higher strength.  
The contradictory results can be partly ascribed to the decomposition of the HA 
scaffold following sintering. Previous studies have discovered that the decomposition of 
HA into β-TCP results in a decrease in compressive strength. Both β-TCP and TTCP have 
a larger crystal lattice volume and a dissimilar thermal expansion to HA crystals. Thus, 
their growth at the grain boundary produces internal pressures that makes the multi-phasic 
system susceptible to fracturing [366]. This could explain why inter-granular fractures 
were the predominant mode of fracturing, as observed by SEM. However, it should be 
noted that previous work have surmised the presence of the secondary phases can improve 
the mechanical properties of HA scaffolds through obstructing crack propagation, and 
deflecting the crack into the grain body where more energy is required for propagation 
[354, 368]. The studies concluded that the interfacial bonding formed between the 
primary and secondary phases affect crack propagation. Hence, the presence of secondary 
phases may not necessarily be detrimental to the mechanical strength provided the 
interfacial bond is not weaker than that found in a phase pure system. This may explain 
why a decrease in compressive strength was not observed with increasing temperature, 
despite the notable increase in the secondary phase: with increasing temperature, a 
stronger interfacial bond may have formed between the primary and secondary phases.  
Other determinants of mechanical strength include the porous architecture of the 
scaffold. SEM imaging of both β-TCP and HA scaffolds revealed that the former 
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consisted of micro-pores, whereas the latter lacked said features. Voids in HA scaffolds 
were observed; however, they were believed to be due to fragmentation of the scaffold 
following compression loading. It is possible that the micro-pores were a source of crack 
obstruction that led to the former possessing a higher compressive strength. The influence 
of micro-pores on crack propagation is inconclusive, with previous experimental and 
simulation studies highlighting their crack obstructing capabilities [369-371]. As for this 
study, it is believed that upon reaching a micro-pore, rather than travelling around the 
edge of the pore, the crack was enticed to enter the pore due to the stress concentration 
surrounding the pore, but did not have enough energy to reconvene past the pore (Fig. 
5-19). In addition, as the pores formed exclusively on the grain boundaries, their presence 
could have alleviated the stresses formed in between the grains as they began to compress 
against one another [371]. This could also explain why the mechanical properties of HA 
scaffolds increased in line with sintering temperature, as adjacent grains began to envelop 
one another and thus, reducing the level of grain boundaries therein. In a previous study, 
grain boundaries have been found to be mechanically the weakest link in HA samples 
[352].  
 
 
Fig. 5-19. Illustration depicting the benefits of intergranular micro-pores. The image on 
the left depicts an unimpeded micro-crack, whereas the image on the right portrays a 
micro-crack impeded by a micro-pore. It was believed that the micro-pores’ crack-
hindering properties were partly responsible for the -tricalcium phosphate scaffolds 
possessing a higher compressive strength than hydroxyapatite. 
 
(a) (b) 
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5.5.1.4 The role of sintering temperature and dwell time on HA 
Scaffolds 
Increasing the sintering temperature resulted in an increase in grain size, the presence of 
abnormal grain growth and secondary phases; all of which are known to affect the 
mechanical properties of scaffolds. Except for the latter, all are known to adversely affect 
the mechanical strength. However, as this was not observed, it is possible that the main 
determinant of mechanical strength was the densification of the scaffold, as the trend 
observed coincided with the general consensus in its effect on mechanical properties. As 
such, the detrimental effects of the undesirable microstructural features were not 
significant enough to overcome the level of densification. However, the increase in 
compressive strength between 1250 and 1300 °C in comparison to that achieved by the 
same temperature margin of 1200 and 1250 °C, was notably lower, and thus it is possible 
that the deleterious effects of the undesirable microstructural features may have begun to 
affect the scaffolds. Furthermore, the compressive strength variation widened with 
increasing temperature, which again, may have been as a result of the growing 
prominence of said microstructural features resulting in heterogeneous variations 
between samples. Although the compressive strength increased through further 
densification of the HA scaffolds, the highest value obtained was still comparable to that 
of the β-TCP scaffold sintered at 1200 °C.  
It is feasible that the undesirable microstructural features may have been restricted 
to the surface, as Fig. 5-20 illustrates. In this figure, the sub-fracture microstructure of a 
HA sample is depicted, and portrays a lack of secondary phases growing below the 
surface. The figure conveys HA grains with free of secondary phases originating from 
the grain boundary. If the unwanted features were only superficial, then it could explain 
why their deleterious effect on mechanical strength were not observed. It could also 
explain why the secondary phases were not detected by the XRD when sintered at 1200 
and 1250 °C, as the instrument has a detection limit of 5%.  
With respect to varying dwell times, no difference was observed across all 
temperatures. The HA material examined in this chapter was susceptible to enhanced 
sintering, thus a dwell time of three hours was more than sufficient to avoid incomplete 
densification, and extending the dwell time to five hours only prolonged the effects of 
enhanced densification.   
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Fig. 5-20. SEM (secondary electron mode) micrograph of a surface crack observed in a 
HA scaffold sample. The inset is a higher magnification image of the circled region. 
The figure highlights the lack of secondary grain growth at the grain boundaries below 
the surface. 
 
 In summary, raw material physical and microstructural analyses elucidated the 
influence of the starting powder on the final CaP scaffold. Sintering at 1200 oC produced 
β-TCP scaffolds that displayed compressive strengths double that of HA, and despite 
further densification of HA scaffolds by increasing the sintering temperature, the status 
quo was not achieved. Nonetheless, raising the sintering temperature was successful in 
increasing the compressive strength of the HA scaffolds. The study herein showed that 
raising the temperature produced both favourable and unfavourable factors that influence 
mechanical strength. It was believed that the main determinant of mechanical strength 
was believed to be densification, which took precedence over other factors. The 
unfavourable microstructural features may have had an effect on the compressive strength 
of HA, however, this was not enough to overcome the positive effect produced by the 
increase in densification. Further studies will need to be performed to confirm these 
theories, as well determining the effect of micro-porosity on mechanical strength.  
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5.5.2 Comparison of Compressive Strength to Other Work 
Traditional methods of fabricating β-TCP have struggled to fabricate a scaffold suitable 
for non-load-bearing application, with values either at the low end of cancellous bone (2-
12 MPa) or below. One advantage of their approach is that they possessed high porosity, 
which favours rapid osseointegration (Section 2.4.4). The current state of the art has 
shifted towards Solid freeform (SFF) methods because of the advantages they offer, 
including control over the porosity with high resolution. As Table 5-5 delineates, SFF 
techniques are an improvement on traditional methods with respect to compressive 
strength; however, this has come at the expense of the porosity.  
The compressive strength of β-TCP fabricated in this study is an improvement on 
many of the previous methods with regards to strength. Honeycomb structures are known 
for their high strength, however, their mechanical properties are anisotropic [194, 318]. 
The same is true for the β-TCP fabricated by ceramic extrusion, with one direction 
(parallel) exhibiting higher strength than another (perpendicular). The difference can be 
attributed to the forms of stress(es) the struts are subjected to, whereby compression 
loading in the parallel plane results in compressive stresses, but perpendicular loading 
results in additional flexural stresses to the struts. Nevertheless, the weaker loading plane 
displayed a mean compressive strength comparable or better to previous methods.  
Table 5-5. Examples of compressive strength and porosity values of β-TCP scaffolds 
fabricated via different techniques. The table demonstrates that the honeycomb extruded-
scaffolds displayed comparatively remarkable strengths.  
Method Compressive 
Strength (MPa) 
Porosity (%) Ref. 
Extrusion A-23.6  5.7 53.6  1.7 Present Study 
 B- 7.4  1.8 - Present Study 
SLS 3.7 +/- 0.27 56.04 [220] 
Template Casting 
Method 
2.9 +/- 0.67 82.49 [372] 
3D inkjet 6 +/- 1.5 - [373] 
Robocasting 10-20 45 [275] 
3D inkjet 10.95 +/- 1.28 49.4 [374] 
SLA 12 60 [375] 
Freeze casting 0.9 50 [376] 
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 The compressive strength of the HA scaffolds fabricated during this study were 
an improvement in comparison to traditional fabrication methods, as Table 5-6 lists. HA 
scaffolds fabricated via robocasting are also enumerated in Table 5-6, where it can be 
seen to possess remarkable compressive strengths. In addition, the freeze casting 
approach also accomplished remarkable compressive values. Table 5-6 again 
demonstrates an inverse correlation between compressive strengths and porosity. The 
table also demonstrates that techniques capable of achieving structured porosity produce 
scaffolds with greater strengths, as discussed in section 2.5.2. 
 
Table 5-6. Examples of compressive strength and porosity values of HA scaffolds 
fabricated via different techniques. The table demonstrates that the honeycomb extruded-
scaffolds possessed relatively moderate compressive strengths. 
Method Compressive 
Strength (MPa) 
Porosity (vol%) Ref. 
Extrusion 29.8 ± 8.6 35.2  3.2 Present Study 
Foam Replication 0.51±0.14 91±2.4 [377] 
Polymeric sponge infiltration 1.3 70 [201] 
Sacrificial Template 9 35 [378] 
SLS 8 61 [345] 
Freeze casting 145 47 [213] 
Freeze casting 28.0 ± 4.2 37.4 [379] 
Robocasting* 302.3 ± 54.6 N/A [222] 
Robocasting* ~25 45 [344] 
*Pore sizes were 270 µm 
* Pore size were ~ 250 µm 
 
 Table 5-6 also presents two examples of were research groups reported different 
compressive strengths using the same fabrication method (freeze casting and 
robocasting). In all four cases the particle properties were not characterised, and hence it 
was difficult to attribute the cause of the mechanical strength discrepancy thereto. 
Nonetheless, it demonstrates that different processing strategies with the same technique 
yield different strengths, hence the need for optimising the processing steps in order to 
enhance the mechanical strengths for each fabrication technique. The next chapter is 
  140
centred on optimising the commercial HA powder to enhance the mechanical strength of 
HA scaffolds.  
 
5.6 Summary of Chapter 
In this preliminary study, the difference in particle properties affected downstream 
processes, including the packing density, where a higher solid loading was achieved with 
the β-TCP powder. The resultant compressive strengths of β-TCP (23.6  5.7 MPa) and 
HA (10.6 ± 2.3 MPa) scaffolds processed at 1200 °C were contradictory, as the HA should 
have possessed the greater strength. In addition, ceramic extrusion was successful in 
imparting macro-pores with sizes (> 600 µm) that exceeded the requirement for suitable 
bone grafting. However, the enhanced compressive strength came at the expense of bulk 
porosity, with β-TCP and HA possessing values of 53.6  1.7 and 35.2  3.2 vol%, 
respectively; which were lower in comparison to those fabricated via traditional routes. 
The improvement in compressive strength is believed to be due to the structured porous 
architecture that was fabricated using extrusion, and the results add further credence to 
the importance of periodic porosity for attaining high mechanical strengths. 
 The study further inferred the need for additional processing steps when using 
nano ceramic particles. Hydroxyapatite, which is inherently stronger than β-tricalcium 
phosphate, resulted in scaffolds that were weaker than that of the latter. It was deduced 
that the undesirable properties of agglomeration, which were ostensibly overcome by the 
processing route, were the cause of the contradictory outcome. The β-TCP results were 
encouraging, and suggest that using raw HA powder with similar characteristics could 
yield scaffolds with improved compressive strength. Therefore, in the following chapter, 
it was decided that HA powder with comparable properties to the β-TCP will be used.  
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Chapter 6: Enhanced Compressive 
Strength through Raw Material 
Optimisation: The effects of Pre-
Calcination 
 
In light of the previous chapter’s findings, a new HA raw powder with desirable 
characteristic was sought-after. The β-TCP powder supplier (Plasma Biotal) also stocked 
HA powder, and with similar powder characteristics. However, the £200/Kg exc. VAT 
price was unwelcoming. A more cost-effective approach was utilised, whereby the 
commercial HA powder from the previous chapter (costing £12/Kg exc. VAT) was pre-
processed. SEM imaging of the β-TCP powder inferred the supplier calcined the powder 
to obtain the near-spherical, bimodal-sized particle distribution, and hence this approach 
was adopted for the nano-sized, heavily agglomerated HA powder. As this chapter will 
detail, pre-calcining the powder led to a ceramic paste with a higher solid loading and 
ultimately HA scaffolds with remarkably higher compressive strengths. In addition, the 
chapter also simultaneously details the investigation of the effects of doping 
hydroxyapatite to resolve its inherent degradation behaviour at elevated temperatures. 
The chapter herein adopts a similar sequential investigation to that of the previous 
chapter, in which the physical, chemical and thermal properties of the powder and 
scaffold were analysed. 
 
6.1 Introduction  
The rationale for investigating the effects of hydroxyapatite comprised of nano-sized 
particles were based on the previous research [232, 347] that ascribed the size to both 
improved mechanical and biological properties. In the previous chapter, a contradictory 
set of results were obtained. On the one hand, ceramic extrusion produced β-TCP 
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scaffolds that were at the high-end of the compressive strength range, with respect to 
others’ work, as enumerated in Table 5-5; but it produced HA scaffolds with 
comparatively mediocre strength. The difference was attributed to the raw material, 
where the HA material was susceptible to both agglomeration and enhanced densification 
in the temperature range chosen, whereby the effects thereof caused undesirable 
microstructural features. However, the results of the β-TCP scaffolds, and in concert with 
other studies that also opted for periodic porosity, provided the motivation to examine the 
effects of particle morphology on ceramic extrusion, and to adopt a new strategy to 
address the aforementioned unfavourable properties of the as-received HA powder.   
 As discovered in the previous chapter, the β-TCP raw powder was not susceptible 
to neither agglomeration nor enhanced densification. SEM micrographs alluded to the 
possibility that the manufacturer incorporated a heat treatment during the synthesis 
thereof, as evidenced by the diffusion of the grains, which were once nano particles that 
coalesced to form larger micro-sized primary particles. In the field of advanced ceramics, 
the process, known as ‘calcination’, is a common approach in treating the powder to a 
high temperature to modify its properties [229]; the process is distinct from sintering, 
where in the latter the aim is to achieve a dense, monolith structure. Broadly speaking, 
calcination is performed at a lower temperature than sintering, whereby enough heat 
energy is supplied to the system to allow adjacent particles to coalesce, but not to attain 
complete densification of the whole system.  
 Calcination of hydroxyapatite has been previously investigated, with a myriad of 
benefits discovered. For example, in comparison to a nano powder, whether synthesized 
or purchased, the benefits included increases to crystallinity, a decrease in total shrinkage, 
reduction in grain growth and improved packing were demonstrated [285, 380, 381]. If 
these benefits could be reproduced in this study then it is expected to result in HA 
scaffolds with greater compressive strengths.  
Aside from altering the raw powder’s morphology, calcination has been utilized to 
extract HA from natural bone [381, 382], induce phase transformation into other calcium 
phosphates [383, 384], eliminate volatile elements [385, 386], and to incorporate 
desirable ions into the HA lattice for an improved performances [182, 387]. Verily, HA 
has been ionically substituted with a plethora of ions [387-389], which is made possible 
because the apatite lattice is easily accepting of elements that have an ionic radii similar 
to that of the calcium ions [165, 390]. The incorporation of substitutional ions are of 
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considerable interest because they can modify the characteristics of the crystal lattice. Of 
interest for this study are ionic substitution that can improve the mechanical strengths of 
HA, and address the flaws discovered in the as-received HA powder examined in the 
preceding chapter, such as enhanced densification and phase decomposition [391]. 
Particular attention has been given to substituting with titanium oxide, aluminium oxide, 
magnesium oxide and silicon oxide, which were selected based on their favourable 
biological properties independent of hydroxyapatite, however all have been found to 
expedite HA decomposition [224, 308, 392-394].  
The incorporation of yttria (Y2O3) into HA for the fabrication of scaffolds is a subject 
of recent interest. This is unsurprising given the addition of Y2O3 has enhanced the 
mechanical properties of ceramics [395], particularly zirconia, where the addition thereto 
has expanded the ceramic’s acceptance in dental and orthopaedic application by resulting 
in a toughened bioceramic [396, 397]. In addition, yttria was found to improve the 
mechanical properties of bioactive glass, including the compressive strength [398]. 
Further to this, previous work had established that the addition of 10 mol% yttria to 
hydroxyapatite increased the electrical conductivity of the material [399], which is 
presumed to be beneficial for orthopaedic implants [400] as bone is piezoelectric6 [401]. 
Moreover, yttria-substituted hydroxyapatite has been demonstrated to enhance osteoblast 
adhesion on implants, which is a prerequisite for successful scaffold anchorage [400, 
402]. However, Zhang et al. (2010) noted that the concentration and culture time in in 
vitro experiments can convert the effects of yttria from toxicity to activity [403], but were 
not able to determine a trend in concentration to the effects. Indeed this dose-dependent 
characteristic is true of many ions used in commercial implants [147].  
The addition of 10 w/w% yttria has been revealed to retard HA decomposition [393]. 
It was postulated that yttrium possess a stronger interstitial bond to oxygen in comparison 
with calcium [404], and hence, prevents the cascade of events associated with the 
dehydroxylation of HA that may lead to a decrease in mechanical properties [405]. 
The chapter herein aims to investigate two calcination effects: one, are the effects of 
calcination that was intended to alter the particle morphology of the as-received 
hydroxyapatite powder examined in the previous study; and two, the effects of ionic 
                                                 
6 Electrical activity has been reported to enhance bone cell activity. 
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substitution calcination, with the incorporation of yttrium into said powder with 10 w/w% 
yttria. The ultimate aim of both calcination routes was to achieve a compressive strength 
comparable to cortical bone, which is in accordance with the aims of this project (1.1). A 
second motivation for the ionic substitution-calcination was to elucidate the challenges 
that may be encountered, if any, when using ceramic honeycomb extrusion for the 
fabrication of composite systems. 
 
6.2 Experimental Procedure 
6.2.1 Raw Materials 
The chapter examines three different starting hydroxyapatite powders. The as-received 
commercial hydroxyapatite (Purum grade, Sigma Aldrich) from the previous chapter was 
used again, and is denoted in the chapter as AR-HA.; the calcination thereof, which is 
denoted as C-HA; and the ionic substitution calcination thereof with yttria (Reacton®, 
Alfa Aesar), which is denoted as Y-HA.  
 
6.2.2 Calcination 
Calcination of the as-received HA powder were performed in a muffle furnace. Initial 
experimentation of calcination used 5 g of the as-received powder poured into a 10 ml 
alumina crucible to calcine at different temperatures, using a heating and cooling rate of 
5 °C/min, and a dwell time of five hours. This was sufficient to yield enough powder to 
perform preliminary experiments on the powders.  
For the fabrication process itself, the as-received powder was poured into a 150 
ml alumina crucible and then calcined at 5 °C/min for five hours, which yielded a 
coalesced powder (Fig. 6-1). As a result, the powder was then poured into a 
polypropylene cup and subjected to high-shear energy mixer for 5 minutes at 800 rpm, to 
break up the weak agglomerates.  
For the fabrication of ion-substituted hydroxyapatite, 10 w/w% of yttria was 
added to the as-received powder and calcined using the aforementioned heating 
parameters. The resultant powder was also weakly coalesced, and thus subjected to the 
same shearing protocol.  
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Fig. 6-1. Image of the post-calcined powder, forming a weakly coalesced structure. The 
powder in the image was calcined at 1000 °C, and the figure demonstrates the pale blue 
colourisation observed at said temperature. 
 
 Prior to the fabrication process, pellets of the calcined samples were fashioned to 
ensure a solid structure can be achieved from the new material. The pellets were formed 
using a 10 mm die and pressed at 0.5 tons for one minute, and subsequently sintered at 
1200 °C in a muffle furnace. A vernier calliper was used to measure the diametric length 
of the sintered pellets. 
 
6.2.3 Fabrication Process 
The fabrication process was as detailed in Chapter 4. Briefly, extrudable pastes were 
formulated using the as-received powder, C-HA powder, and the Y-HA powder; the final 
paste compositions are discussed in section 6.3.5. Said pastes were extruded and 
subjected to the drying and de-binding protocol described in Chapter 4. The sintering 
temperatures investigated in this study were 1200 and 1250 °C, with a dwell time of 8 
hours, and a heating and cooling rate of 5 and 2.5 °C/min, respectively. Once sintered, 
the extrudates were sectioned into cubes, and characterisation ensued thereafter. 
 
6.2.4 Characterisation  
All of the characterisation methods used herein are detailed in Chapter 3. In addition the 
number of micro-pores of scaffolds were determined from SEM micrographs. This was 
Calcined 
Powder 
Alumina 
Crucible 
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obtained using ImageJ software (National Institute of Health, USA). Quadrants of 100 
µm2 were drawn on the SEM images and the number of micro-pores therein were counted.  
6.3 Results 
In this chapter, the effects of two forms of calcination were examined. An initial screening 
process was performed using SEM analysis to identify a calcination temperature to use 
for the fabrication of scaffolds, and consequently, characterisation thereof. Physical, 
chemical and thermal analyses were performed to elucidate the effects of calcination.  
 
6.3.1 Starting Powder  
6.3.1.1 SEM Characterisation of the Calcined Powders 
The first aim of the study was to determine a suitable calcination temperature. The AR-
HA powder was calcined at temperatures between 400 to 1000 °C. SEM micrographs 
depicting the results following high-shearing are displayed in Fig. 6-2. It was ascertained 
that calcining at 1000 °C produced distinct results from the other temperatures (Fig. 6-2 
(e)), particularly to the as-received powder. The once nano primary particles were found 
to bond with adjacent particles and thus forming larger particles comprised of grains; 
which are similar to that observed in the commercial β-TCP powder in the preceding 
chapter. Examining the interface of the bonded grains revealed no neck formations, which 
are a source of stress concentration. It is likely that subjecting the calcined powder to 
high-shear energy mixing may have broken the weakly bonded necks, as remnants thereof 
were observed. The samples calcined at 800 °C (Fig. 6-2 (d)) may also have exhibited a 
similar bonding behaviour but due to the difficulty of gold coating sub-micron particles, 
it was difficult to establish whether this was true. The Y-HA powder was also calcined at 
1000 °C, and the results (Fig. 6-2(f)) were similar to that of the undoped calcined sample. 
Furthermore, a pale shade of blue was seen in both the powders calcined at 1000 °C (Fig. 
6-1).  
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Fig. 6-2. SEM (Secondary electron mode) micrographs of the as-received 
hydroxyapatite powder processed at different temperatures. The micrographs are of the 
as-received powder (a), and those calcined at 400 (b), 600 (c), 800 (d) and 1000 °C (e). 
The micrograph at (f) is that of the as-received powder calcined with 10 wt% yttria at 
1000 oC. The micrographs illustrate the increase in particle size with sintering 
temperature.  
Fig. 6-3 are lower magnification micrographs depicting the primary particles of 
both the C-HA and Y-HA powders. The Y-HA powders were found to consist of primary 
particles that were more angular in shape (Fig. 6-3 (b)) than the C-HA powder (Fig. 6-3 
(a)).  
1 µm 
(b) (a) 
1 µm 
(d) 
1 µm 
(f) 
1 µm 
(e) 
1 µm 
(c) 
1 µm 
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Fig. 6-3. SEM (secondary electron mode) micrographs depicting representative post-
calcination primary particles of (a) C-HA and (b) Y-HA powders. Note the more 
angular particle morphology of Y-HA. 
 
6.3.2 Chemical Structure of the Calcined Powders 
XRD analysis of the calcined samples were also conducted, and the evolution of 
crystallinity is portrayed in Fig. 6-4. An increase in crystallinity was observed with 
increasing calcination temperature. In comparison to the as-received pattern, calcining at 
1000 °C resulted in narrower peaks with a noticeable increase in peak intensity. No other 
calcium phosphate phases were observed in the probed calcination temperature range, 
including β-TCP or tetracalcium phosphate phases. 
 
Fig. 6-4. XRD pattern of the powders calcined at temperatures ranging from 400 to 
1000 °C, with a diffraction pattern to illustrate the phases pertain to HA. The figure 
highlights the increase in crystallinity with increasing sintering temperature. 
5 µm 
(a) 
5 µm 
(b) 
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 XRD analysis of the Y-HA powder calcined at 1000 °C was too performed, and 
the results are outlined in Fig. 6-5. The figure includes the XRD pattern of the C-HA 
powder, which, as mentioned, was confirmed as phase pure HA (PDF: 01-089-4405). The 
addition of 10 wt% resulted in a biphasic material, composed of HA with a secondary 
yttria phase (PDF: 01-088-1040). The yttria phases are highlighted in Fig. 6-5 by the red 
asterisks. In addition, a reduction in HA peak intensity was also observed, with respect to 
the C-HA powder.  
 
 
Fig. 6-5. XRD pattern of the C-HA and the Y-HA powders calcined at 1000 °C. The Y-
HA powder was found to be biphasic, consisting of both hydroxyapatite and yttria 
phases. The red asterisks highlight peaks pertaining to yttria. The powder diffraction 
files used to identify the peaks of both ceramics are included. 
 
 In addition to XRD analysis, FTIR characterisation was performed, and the results 
are provided in Fig. 6-6. It was observed that the as-received powder displayed a poorly 
defined spectrum, whereas the C-HA and Y-HA samples delineated a spectrum with a 
marked improvement to the definition. Furthermore, the peaks pertaining to the OH- 
group at 3570 and 630 cm-1, which were absent in the as-received samples, were clearly 
apparent in the spectrum of the calcined samples.  
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Fig. 6-6. FTIR spectra of the different starting materials. As-received powder (AR-HA), 
undoped calcined powder (C-HA) and yttria-doped HA (Y-HA). Bands were more 
discernable in both calcined powders, than AR-HA. Furthermore, both C-HA and Y-HA 
possessed a hydroxyl group at 630 cm-1, which was not observed in AR-HA. 
 
6.3.3 Physical Properties of the Calcined Powders 
Particle size analysis was performed on the starting materials, and the results are 
displayed in Fig. 6-7. A distribution of 0.1 to 14.5 µm was determined for the as-received 
powder; 0.3 to 30 µm for the C-HA powder; and 0.45 to 18.7 µm for the Y-HA powder. 
Both calcined samples displayed a bimodal distribution, with the larger of the two peaks 
in the micron range, and the smaller peak in the sub-micron range; the C-HA peaks were 
detected at 0.6 and 5.9 µm, respectively; whereas the Y-HA peaks were found to be at 
0.9 and 5.9 µm. 
 
Fig. 6-7. Particle size distribution of the different starting powders. The pre-calcined 
powders possessed higher particle sizes. 
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 Further particle analyses were performed, and the results are enumerated in Table 
6-1. Calcining the as-received powder at 1000 °C resulted in a statistically significant 
increase in powder density, from 2.9 to 3.22 g/cm3 (an increase of  11 %); the density was 
further increased to 3.25 g/cm3 when the as-received powder was doped with yttria before 
calcination, which was an increase of 12%. The increase in density between C-HA and 
Y-HA was statistically invariable. BET surface analysis of the powders was also 
undertaken, whereby the surface areas of the C-HA and Y-HA powders were revealed as 
4.95 and 5.88 m2/g, respectively, which is a marked and statistically significant decrease 
from the 107.91 m2/g detected for the AR-HA powder; this corresponded to a decrease 
of 95% for both C-HA and Y-HA powders. The difference between the C-HA and Y-HA 
were found to be statistically invariable once more. The d50 value obtained from the 
particle size analysis is also included in the table, where it can be observed that the 
calcined powders possessed similar values. 
 
Table 6-1. Table listing the results of the density (n = 3), BET surface area analysis (n = 
3) and D50 value (n = 5) measurements of the starting materials. Pre-calcination yielded 
powders with a greater density, lower BET surface area and high D50 particle size. (the 
 indicates the standard deviation). 
Sample Density (g/cm3)a BET (m2/g)b D50 (µm)a 
AR-HA 2.90  0.04 107.91  6.1 2.49  0.02 
C-HA 3.22  0.01  4.95  1.9 5.29  0.06 
Y-HA 3.25  0.01 5.88  1.8 5.52  0.18 
a A one-way ANOVA test revealed a significant difference in data between all three 
samples (p< 0.05). 
b A one-way ANOVA test revealed a significant difference in density between the AR-
HA and the calcined powders (p< 0.0001), but not between C-HA and Y-HA.  
 
6.3.4 Thermal Properties 
The final sets of analyses performed on the starting materials where to determine the 
thermal properties thereof. Fig. 6-8 illustrates the dilatometry analysis performed on the 
  152
calcined powders. The dilatometry curve of the AR-HA powder from the previous chapter 
was included for comparison.  
The AR-HA powder can be observed to commence shrinking from room 
temperature, where a slow and minute (1.5%) shrinkage occurred until ~ 600 °C. The 
majority of the shrinkage occurred between 600 and 865 °C, where a marked increase in 
shrinkage rate was observed; the shrinkage between the two temperatures was calculated 
as 19.5%, giving a total of 21 % linear shrinkage exhibited by the as-received HA powder. 
No further shrinkage was observed above 865 °C.  
 The dilatometry results of the C-HA powder revealed an initial, albeit minute 
shrinkage below 100 °C, which was followed by a small linear expansion up to 550 °C. 
Subsequently, the sample proceeded to shrink at a comparatively gradual rate until 1050 
°C. Therefore, the onset and endpoint sintering temperature of this sample were 
determined as 550 and 1050 °C, respectively. The final linear shrinkage of the sample 
was approximately 12%, approximately half of the AR-HA powder’s value. 
The Y-HA sample also exhibited an initial, albeit minute linear shrinkage, which 
was succeeded by a linear expansion of approximately 2.5% from 100 to ~ 1050 °C. Here 
the sample proceeded to shrink until complete densification. The sintering onset and 
endpoint were determined as 1050 and 1250 °C, respectively, and the final linear 
shrinkage was approximately 9%.  
 To compliment the dilatometry analysis, the starting powders were pressed into 
discoid pellets using a 10 mm die, and sintered to 1200 °C, and their diametric values 
were measured. Table 6-2 outlines the diametric shrinkage that the pelletised forms of 
the starting materials underwent. The measurements demonstrated that the AR-HA pellets 
underwent the largest shrinkage at 27.8%; followed by C-HA sample at 13.4%; and in 
concert with the dilatometry data, the Y-HA sample underwent the smallest shrinkage at 
8.7%. A one-way ANOVA test revealed a statistical significance in shrinkage data 
between all samples, and hence, the addition of 10 wt% yttria was sufficient in 
significantly minimising the shrinkage of HA. 
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Fig. 6-8. Dilatometry results of the starting powders. The pre-calcined powders 
possessed higher onset and endpoint sintering points, demonstrating the higher energy 
required for sintering thereof. Moreover, both exhibited notably smaller maximum 
shrinkages than the AR-HA powder, with Y-HA experiencing the least.  
 
Table 6-2. Diametric shrinkage of the pelletised starting powders. The powders were 
pressed into 10 mm pellets using a hydraulic press and subsequently sintered at 1200 °C 
(n = 3; with the  representing the standard deviation of the data). 
Sample Diametric Shrinkage (%)a 
AR-HA 27.8  0.06 
C-HA 13.4  0.1 
Y-HA 8.7  0.0 
a A one-way ANOVA test revealed the shrinkages were all statistically different (p< 
0.001). 
 
 Differential Scanning Calorimetry (DSC) was also performed on all three starting 
materials, and the results are illustrated in Fig. 6-9. An endothermic trough at 
approximately 1310 °C were observed in the AR-HA and C-HA powders, but not in the 
Y-HA powder. The endothermic activity was believed to be that of a phase decomposition 
of hydroxyapatite, possibly into -tricalcium phosphate or tetracalcium phosphate, and 
as a consequence, sintering was performed at 1200 and 1250 °C.  
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Fig. 6-9. DSC analysis of the starting materials. Both AR-HA and C-HA presented with 
an endothermic trough at approximately 1300 °C, which was not observed in the Y-HA 
data (endothermic down). 
 
In summary, the as-received HA powder from the previous chapter was calcined 
at 1000 °C to produce near-spherical, micro-sized primary particles. Calcination of said 
powder resulted in increases to both powder density and particle size distribution, 
whereas the surface area considerably decreased. A more stoichiometric material was 
observed as a consequence of the calcination process, whereby improvements to the 
definition of XRD pattern and FTIR spectra were produced. Lastly, thermal analyses 
demonstrated an increase to the sintering onset and endpoint as a result of calcination, 
with a notable decrease in total shrinkage. The addition of yttria produced further changes 
to the physical, chemical and thermal properties of the calcined powder, with respect to 
the undoped calcined powder.  
 
6.3.5 Paste Properties 
All three HA materials were formulated into extrudable pastes with a similar stiffness 
using Methocel™ and distilled water. Table 6-3 lists the solid loadings of the ceramic in 
terms of mass and volume percentage. It was ascertained that calcining the powders 
before formulating the pastes resulted in an increase in ceramic solid loading. An initial 
paste using the C-HA powder was formulated with a solid loading of 40.5 vol% (C-
HA/1), however, upon extrusion it was realised that the paste was relatively soft, and 
difficult to handle (Fig. 4-16). Hence, a second paste was formulated using the same HA 
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material, whereby it was discovered that more of the ceramic powder can be suspended 
within the binder, and a solid loading of 42 vol% was obtained (C-HA/2). Formulating a 
ceramic paste with the Y-HA was also accomplished, where it was revealed that less of 
the powder can be packed into the binder, and hence a decrease in ceramic solid loadings 
was obtained. Further addition of Y-HA into the admixture were attempted but resulted 
in unextrudable pastes. The table also displays the density of the pastes. The results 
demonstrate that the paste density was correlated to the ceramic solid loading of the paste 
(i.e. increasing solids loading resulted in an increase in paste density).   
 
Table 6-3. Ceramic solid loadings and paste densities, as measured by a helium 
pycnometer of pastes formulated using the starting materials. A higher solid loadings was 
achievable with the pre-calcined powders. 
Sample Solid loadings 
(mass%) 
Solid loadings 
(vol%) 
Paste density 
(g/cm3) 
AR-HA 58.7 33.7 1.66 
C-HA/1 65.7 38.3 1.76 
C-HA/2 69.1 42.0 1.96 
Y-HA 65.6 38.1 1.82 
 
 The formulated pastes were then extruded using the extruder fitted with the 
honeycomb die. Fig. 6-10 displays the extrusion plot of the results. The force required 
for the pastes to extrude in descending order was AR-HA paste > C-HA/2 > Y-HA > C-
HA/1. The extrusion forces for the AR-HA, C-HA/2 and Y-HA, which were the pastes 
that were further investigated in this study, were 50.9  7.9, 25.6  4.6 and 22.4  3.6, 
respectively. A one-way ANOVA test revealed the decrease between the AR-HA to both 
calcined pastes was significant (n = >4; p< 0.05), whereas the difference in extrusion 
force between C-HA/2 and Y-HA was not significant. As the figure also demonstrates, 
the AR-HA paste exhibited a pressure drop considerably larger than the other pastes, 
which was subsequently followed by a gradual decrease in extrusion force until the end 
of the run. In contrast, pastes formulated using C-HA and Y-HA powders exhibited a 
relatively small pressure drop, followed by a plateau. The behaviour is in accordance to 
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that observed in the previous chapter, whereby micron-sized particles resulted in lower 
extrusion forces (section 5.3.2).  
 
 
Fig. 6-10. Extrusion plot representative of the starting materials extruded at a rate of 
250 mm/s. C-HA and Y-HA pastes were better lubricated by the Methocel™ binder, and 
hence required a lower extrusion force than the AR-HA pastes. 
 
6.3.6 Scaffold Properties 
The extruded samples were sintered at 1200 and 1250 °C, and sectioned into 
approximately 4.5 mm3. As was previously noted, sintering resulted in a blue colour 
change, as demonstrated in Fig. 6-11, with the calcined samples exhibiting a paler blue 
colour. 
 
Fig. 6-11. Images of the final scaffolds taken using (a) a digital camera and (b) an 
optical microscope. The images were taken of the C-HA/S scaffolds, and highlight the 
blue colourisation observed, in all scaffolds, when processed at 1200 and 1250 °C.  
(a) (b) 
500 µm 5 mm 
 157 
6.3.6.1 Chemical Structure of Sintered HA Scaffolds 
Fig. 6-12 illustrates the XRD pattern of the scaffolds sintered at 1200 and 1250 °C. 
Sintering further improved the crystallinity of all the samples, and the emergence of other 
calcium phosphate phases were not descried. The calcined powders maintained their 
relatively higher HA peak intensities over the scaffolds sintered using the as-received 
powder (AR-HA/S). The yttria peaks in the scaffolds fabricated using Y-HA powder (Y-
HA/S) sintered at 1200 °C were found to decrease with respect to the HA peaks, and 
further decreases, albeit to a lesser extent, were detected at 1250 °C. Furthermore, the 
peak positions pertaining to hydroxyapatite in Y-HA/S were found to shift to higher 
angles compared to C-HA. It was further observed that the peaks in the scaffolds 
fabricated using the C-HA powder (C-HA/S) sintered at 1250 °C exhibited a lower 
intensity than at 1200 °C. The same behaviour was also observed in the as-received 
scaffolds but to a lesser extent.  
 FTIR analysis was again performed to verify the chemical structure of the 
samples, and the results are displayed in Fig. 6-13. Chemical structural differences 
between the uncalcined and calcined samples were once again observed. At 1200 °C, AR-
HA/S exhibited a spectrum with an improved definition with respect to the starting 
powder, which is indicative of improved crystallinity within the sample. The phosphate 
bands at 962, 601 and 567 cm-1, and the hydroxyl ion peak at 3570 cm-1, were found to 
decrease in intensity. The phosphate bands between 1100 – 1000 cm-1 were found to split 
revealing an additional phosphate peak at 1023 cm-1, which again is indicative of the 
material becoming more crystalline. However, the OH- group at 630 cm-1 was still absent. 
In addition, albeit small, peaks were observed at 942 and 875 cm-1; the latter could pertain 
to either a carbonate (CO3
2-) or a hydrogen phosphate group (HPO4
2-), which are 
commonly found in sintered HA materials, however, as no other peaks pertaining to either 
groups were found, the identity of the peak could not be discerned; the peak at 942 cm-1 
pertains to a phosphate group belonging to β-tricalcium phosphate. 
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Fig. 6-12. XRD patterns of the scaffolds sintered at (a) 1200 and (b) 1250 °C. The data 
highlights C-HA/S and Y-HA/S possessed peaks that were greater in intensities, as well 
as being narrower, compared to AR-HA/S. Furthermore, no secondary phases were 
detected in all samples by the X-ray diffractometer. 
 
Therefore, sintering HA scaffolds fabricated using the as-received powder at 1200 °C 
improved the crystallinity of HA phase, however, trace amounts of β-TCP, and the 
formation of either a carbonate or hydrogen phosphate group, were also detected. Both 
scaffolds fabricated using the calcined powders maintained their highly stoichiometric 
chemical structure over the as-received material at 1200 °C, as demarcated by the 
improved spectra definition, and the presence of both the stretching and bending hydroxyl 
ions (Fig. 6-13). 
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Fig. 6-13. FTIR analyses of AR-HA/S, C-HA/S and Y-HA/S scaffolds sintered at (a)1200 
and (b)1250 °C. The spectra revealed that AR-HA/S exhibited a band pertaining to -
TCP at 940 cm-1, which was not observed in C-HA/S nor Y-HA/S. Furthermore, AR-
HA/S continued to lack the OH- at 630 cm-1.  
 
 Sintering of the calcined samples conduced chemical restructuring, and like AR-
HA/S, the phosphate bands between 1100-1000 cm-1 had split, forming an additional peak 
at 1023 cm-1. Moreover, both samples maintained their intense OH- peak at 3570 cm-1; 
and small peaks at 875 and 667 cm-1 were again visible in both calcined scaffolds at 1200 
°C. Neither of the calcined scaffolds displayed bands pertaining to other calcium 
phosphate phases. Thus, it can be concluded that neither underwent a decompositional 
change to the same extent as the AR-HA/S.  
Differences between the Y-HA and C-HA scaffold were also elucidated. The 
appearance of the new bands at 875 and 667 cm-1 were smaller in the Y-HA/S, and an 
additional peak was observed in Y-HA/S at ~ 500 cm-1, which was not seen in C-HA 
material.  
  160
FTIR spectra of the scaffolds sintered at 1250 °C are depicted in Fig. 6-13 (b). 
The spectrum for AR-HA/S depicts a curve with a similar definition to that of the starting 
powder. The hydroxyl group at 630 cm-1 remained absent, however, the other hydroxyl 
peak at 3570 cm-1, as well as the phosphate peaks, can be seen to decrease in intensity; 
the unconfirmed peak at 875 cm-1 was again detected; and no additional peaks were 
descried.  
Both calcined samples also exhibited a decrease in peak intensities. The presence 
of new, or the disappearance of existing peaks were not encountered. Although in general 
the bands were found to decrease as the sintering temperature was increased, the hydroxyl 
groups of the Y-HA/S were found to decrease to a larger extent than those belonging to 
the C-HA/S, consequently resulting in the C-HA/S possessing higher hydroxyl intensities 
at this temperature. This is in contrast to the FTIR data for the as-calcined samples (Fig. 
6-6). The ratio of the hydroxyl bands at 3570 and 630 cm-1 to the largest phosphate peak 
at 1045 cm-1, are presented in Table 6-4. It was determined that the phosphate-to-
hydroxyl group ratio were higher in the Y-HA than C-HA following calcination, however, 
this was reversed when the samples were sintered at 1200 and 1250 °C. For the ratio 
between the phosphate peak and the hydroxyl band at 3570 cm-1, the total decrease in 
ratio was found to be 84% and 69% for Y-HA and C-HA, respectively; whereas the 
decrease in ratio between the phosphate and the hydroxyl band at 630 cm-1 was found to 
be 64% and 36% for Y-HA and C-HA, respectively.  
 
Table 6-4. The ratio of band intensities between the phosphate at 1045 cm-1, to that of the 
hydroxyl group at 3570 and 630 cm-1, referred to as OH1 and OH2, respectively. 
 As-calcined 1200 °C 1250 °C 
 PO/OH1 PO/OH2 PO/OH1 PO/OH2 PO/OH1 PO/OH2 
AR-HA 2.22 - 2.33 - 2.47 - 
C-HA 7.88 2.74 2.79 2.03 2.47 1.74 
Y-HA 8.84 3.82 1.77 1.59 1.42 1.36 
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6.3.6.2 Physical and Mechanical Properties of the Sintered HA Scaffolds  
6.3.6.2.1 Bulk Porosity 
The bulk porosity of the different HA scaffolds were measured, and the results are 
illustrated as bar graphs in Fig. 6-14. The AR-HA/S possessed bulk porosities of 46.2  
2.1 and 40 1.0% at 1200 and 1250 °C, respectively; the C-HA/S samples had bulk 
porosities of 52.1  1.1 and 45  1.1%, at 1200 and 1250 °C, respectively; and the Y-
HA/S possessed bulk porosities of 52.5  1.7 and 44.7  1.2% at 1200 and 1250 °C, 
respectively. An unpaired t test between the sintering temperatures of each sample 
revealed the decrease in bulk porosity was significant; whereas a one-way ANOVA 
revealed that C-HA/S and Y-HA/S possessed significantly greater values than AR-HA/S.  
 
 
Fig. 6-14. Bulk porosity measurements of the HA samples, as determined by a helium-
pycnometer. The data demonstrates a decrease in scaffold bulk porosity when the 
temperature was increased from 1200 to 1250 °C (n = 3; error bars represent the 
standard deviation; S denotes a significant difference in data (p< 0.05), whereas NS is 
not significant; * denotes statistical analysis determined by a none-way ANOVA, 
whereas ** was determined by a t test). 
 
Optical microscopy was employed to estimate the cell length and strut thicknesses 
to further elucidate the effects of the starting powders on the physical properties of the 
different scaffold groups. In general, the mean cell lengths and strut thickness of the AR-
HA/S were found to be ~ 650 and ~ 350 µm, respectively, upon sintering; C-HA/S 
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exhibited cell lengths and a strut thickness of ~ 750 and ~ 425 µm, respectively; and the 
Y-HA/S exhibited cell lengths and a strut thickness of ~ 800 and ~ 475 µm, respectively.  
 
6.3.6.2.2 Compressive Strength 
The scaffold groups were subjected to compression loading parallel to the open cell 
direction (A-axis direction), and the results of the compressive strengths are presented in 
Fig. 6-15. The AR-HA increased in strength as the temperature was increased, from 11.6 
 1.1 to 20.4  3.9 MPa, at 1200 and 1250 °C, respectively; this corresponded to an 
increase of 76%. At 1200 °C, the C- HA/S and Y-HA/S achieved maximum compressive 
strengths of 31.8  5.2 and 27.9  2.5 MPa, respectively. However, when sintered at 1250 
°C, the maximum compressive strengths soared to 105.9  12.2 and 127.3  8.2 MPa, 
respectively, which corresponded to increases of 233% and 356%, respectively. A one-
way Anova test revealed a significant difference between all three HA samples at 1250 
°C, thereby revealing a significant difference between C-HA/S and Y-HA/S at 1250 °C. 
A one-way Anova test was also performed at 1200 °C, in which a significant difference 
was only observed between AR-HA/S, but not between C-HA/S and Y-HA/S. An 
unpaired, t-test was used to confirm that the increase in strength between 1200 and 1250 
°C for each sample was significantly higher. 
 
 
Fig. 6-15. Maximum compressive strengths of the HA samples loaded parallel to the 
direction of the cells. The data revealed that pre-calcining the powder resulted in 
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scaffolds with higher compressive strength when sintered at both 1200 and 1250 °C. 
Furthermore, a dramatic increase in compressive strength for C-HA/S and Y-HA/S were 
observed when sintered at 1250 °C (n = >8; error bars represent the standard 
deviation; S denotes significantly different (p< 0.05), whereas NS indicates difference 
was not significance; both a one-way ANOVA (*) and t-test (**) were used to analyse 
the data). 
 
 Compression tests perpendicular to the cell direction (B-axis direction) were also 
performed for the calcined samples, and the results are portrayed in Fig. 6-16.The C-
HA/S compressive strength increased from 7.5  2.1 to 32.3  2.3 MPa, at 1200 and 1250 
°C, respectively, which is an increase of 331%. The Y-HA scaffolds maximum 
compressive strength also increased, from 8.6  1.1 to 46.2  2.8 MPa, at 1200 and 1250 
°C, respectively, which is an increase of 437%. Again, it was determined that only the 
values at 1250 °C were statistically different, as determined by an unpaired t test.  
 
 
Fig. 6-16. Maximum compressive strength of C-HA/S and Y-HA/S samples loaded 
perpendicular to the direction of the cells. A significant increase in compressive 
strength of both samples was found when the sintering temperature was increased to 
1250 °C. Moreover, the compressive strength results obtained in the B-axis at 1250 °C 
were greater than that obtained by scaffolds fabricated through traditional means, 
which are typically below 20 MPa (n = >8; error bars represent the standard 
deviation; a test was used to determine whether the difference in strength was (S) 
significantly different (p<0.05) or (NS) not significant different; an unpaired t-test was 
used). 
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6.3.6.3 Microstructural Properties 
6.3.6.3.1 Fracture Surface 
The scaffolds loaded in the A-axis direction were found to fracture in a brittle manner, 
which is typical of ceramics. Fracturing of said scaffolds were observed at the midpoint 
of the cells, as denoted by the red dashes in Fig. 6-17 (a).  Fig. 6-17 (b) is an SEM 
micrograph that delineates the remnants of the scaffolds, in which it can be clearly 
observed that the struts fractured halfway through the cell walls, and the cleavage 
traversed the length of the scaffold. Examining the microstructure of the fractured sample 
at sites where the struts failed (Site 1) and at where struts did not fail (Site 2) revealed 
that micro-cracks were exclusive to Site 1, inferring that the compressive load may not 
have been distributed homogenously across the solid phase of the scaffolds. Mix-mode, 
but principally intergranular, fracturing had occurred, as highlighted in Fig. 6-17 (c). The 
fracture in the figure below can be seen to transform from an intergranular fracture to, 
albeit thinner, transgranular fracture. 
Alternative fracture behaviour was observed when the scaffolds were subjected to 
compressive loading perpendicular to the cell alignment, as presented in Fig. 6-18. In 
contrast to the scaffolds that were subjected to compression loading in the A-axis, no 
audible sound accompanied the scaffold failure. When loading in the B-axis, the walls 
perpendicular to the load simply collapsed above one another. Fig. 6-18 (b) depicts a 
representative remnant of the scaffold post failure where it can be observed that struts 
parallel to the load were ‘unhinged’, leaving an intact perpendicular wall with a depressed 
fracture region where the perpendicular struts once merged (Site 1). SEM analysis 
elucidated that fracturing continued to be exclusive to Site 1, and again exhibited mix-
mode fractures, but predominantly intergranular. Fig. 6-19 is a high magnification SEM 
micrographs depicting the fracture sites of the studied samples. Sintering of the as-
received samples at 1200 and 1250 °C resulted in a highly densified microstructure (Fig. 
6-19 (a & b)), whereas the fracture site of the C-HA/S (Fig. 6-19 (c & d)) and of the Y-
HA/S (Fig. 6-19 (e & f)) were noticeably more porous, and presented with small sintering 
necks; both these characteristics conferred the appearance of an unsintered scaffold at the 
microstructural level. The sintering necks observed in the calcined HA samples at 1200 
°C grew when the temperature was raised to 1250 °C, and the growth was greater in the 
C-HA/S. 
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Fig. 6-17. Fracture behaviour in the A-axis. (a) is a CAD schematic depicting the 
fracture results; (b) is a representative low magnification SEM image of the fracture 
site from C-HA/S sample; and (c) is a representative SEM image of the mix-mode 
fracture that was observed in the same C-HA/S. The micrograph is used to demonstrate 
the longitudinal fracture exhibited by the scaffolds when subjected to compressive 
loading parallel to cell alignment.  
 
 
(a) 
(1) 
(2) 
500 µm 
(1) 
(2) 
(b) 
1 µm 
(c) 
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Fig. 6-18. Fracture behaviour in the B-axis. (a) is a CAD schematic depicting the 
fracture results; (b) is a representative low magnification SEM image of the fracture 
site, where site (1) indicating where the parallel struts were once connected. Applying a 
compressive load perpendicular to the cell alignment resulted in the scaffolds exhibiting 
a different fracture mechanism; where a longitudinal fracture observed in the parallel 
axis (Fig. 6-17) was not descried. Alternatively, the parallel struts in-between the 
perpendicular struts dislodged, and hence presented the perpendicular struts with 
recess at site (1).  
   
 
 
(1) 
(2) 
(1) (2) 
500 µm 
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Fig. 6-19. High magnification SEM (SE) micrographs depicting the fracture surface of 
the HA samples post compression testing (top row – AR-HA/S; middle row – C-HA/S; 
and bottom row – Y-HA/S). the micrographs demonstrate that AR-HA/S was more 
densified than C-HA/S and Y-HA/S. 
 
 
5 µm 
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Fig. 6-20. SEM (SE) micrograph depicting a representative 'yttria bridge', as 
highlighted by the yellow circles, found in Y-HA/S samples sintered at 1250 °C; the 
orange arrows are used to indicate crack pathways. These microstructural features 
were believed to possess crack-arresting properties. 
 
Further examination of the fracture surface in Y-HA/S samples revealed ‘yttria bridges’, 
as representatively delineated in Fig. 6-20. SEM analysis demonstrated that the yttria 
phase remained relatively intact when the surrounding HA matrix was fractured, and this 
spectacle was observed throughout the fracture surfaces of samples sintered at 1250 °C. 
EDS analysis confirmed that these microstructural features were indeed yttria phases, as 
illustrated in Fig. 6-21. The EDS micrograph illustrates the bridges to be heavily 
populated with yttrium ions, with respect to the surrounding microstructure. The ‘yttria 
bridges’ were revealed to consist of grains with sizes below 500 nm.  
 
5 µm 
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Fig. 6-21. EDS analysis of Y-HA/S portraying a representative ‘yttria bridge’. The 
figure is used to qualitatively demonstrate the microstructural feature were indeed that 
of yttria. As illustrated, the ‘yttria bridges’ can be observed to be heavily populated 
with yttrium ions (green dots). 
 
 For Y-HA scaffolds sintered at 1200 °C, such yttria bridges were found to have 
less crack arresting properties than samples sintered at 1250 °C, as illustrated by the 
cleaved clusters in Fig. 6-22. It was also observed that the yttria grain sizes were less than 
100 nm. The interface between yttria and the hydroxyapatite at 1200 °C merits a mention: 
although no micro-cracks were observed at the interface, remnants of yttria corresponding 
to their grain size were detected. 
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Fig. 6-22. SEM (SE) micrographs representative of the 'yttria bridges' found in the Y-
HA/S samples sintered at 1200 °C. Unlike when sintered at 1250 °C, the yttria bridges 
presented with fractures, and hence possessed less crack-arresting properties. 
 
6.3.6.3.2 Grain Morphology 
SEM analysis was employed to elucidate the grain morphology of the different HA 
samples, which were taken from Site 2 (Fig. 6-17), and the results are illustrated in Fig. 
6-23. Sintering of the as-received scaffolds presented with a grain morphology exhibiting 
bubble-like topography at 1200 °C, which subsided in the 1250 °C scaffolds. Secondary 
grain structures were also observed, emanating from the grain boundaries; at 1250 °C said 
structures development was considerably more extensive, which led to encroaching on 
the HA grain body with seldom visibility of the grain boundary. Furthermore, the 
microstructure presented with both normal and abnormal grain growth, with the normal 
grain sizes estimated as 2.4  0.9 and 5.9  1.5 µm, at 1200 and 1250 °C, respectively.   
 Calcination of the starting powders resulted in a different scaffold microstructure 
to that of the AR-HA/S (Fig. 6-23 (c-f)). The bubbles observed in the as-received 
microstructure were not apparent in either of the calcined samples. Moreover, the 
observed secondary grain structures formed to a considerably lesser extent, particularly 
at 1250 °C. Y-HA/S presented with a tertiary grain structure, which were ascribed to yttria 
phases. The scaffolds again comprised both normal and abnormal grain sizes, with the 
normal grain size estimated as 1.7  0.4 and 3.2  0.8 µm, at 1200 and 1250 oC, 
respectively, for the C-HA/S, corresponding to an increase of 88%; and 1.6  0.3 and 3.5 
 0.6 µm, at 1200 and 1250 oC, respectively, for the Y-HA/S, which was an increase of 
119%. Fig. 6-24 presents the estimated normal grain sizes.  
1 µm 
(a) 
1 µm 
(b) 
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Fig. 6-23. Representative SEM (SE) micrographs illustrating the grain morphology of 
the studies samples. Top row – AR-HA/S; middle row; C-HA/S; and bottom row – Y-
HA/S. Micro-pores were observed in C-HA/S and Y-HA/S, but not in AR-HA/S. 
Moreover, the degree of secondary grain structures observed in AR-HA/S was greater 
than that of the other two samples. 
 
Another salient microstructural difference between the as-received and calcined 
samples was the level of densification. The calcined samples presented with sintering 
1200 oC 
1 µm 
(a) 
1 µm 
(b) 
1 µm 
(c) 
1 µm 
(d) 
1 µm 
(f) 
1 µm 
(e) 
1250 oC 
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neck formation between adjacent grains when sintered at 1200 °C, and grew significantly 
when processed at 1250 °C. As a result, the micro-porosity observed at 1200 °C  
 
Fig. 6-24. Estimates of the normal grain sizes measured from SEM imaging. Increasing 
the sintering temperature resulted in larger grain sizes in all samples. (n = 20; the 
error bars represent the standard deviation of the data; S and NS denote whether the 
difference was significant or not significant, respectively; * denotes a one-way ANOVA 
was used, ** denotes a t-test was used). 
 
 
Fig. 6-25. Estimated number of micro-pores per 100 µm2 measured in AR-HA, C-HA 
and Y-HA scaffolds when sintered at 1200 and 1250 °C. The data was obtained using 
ImageJ (section 6.2.4). The data highlights the increase in the number of micro-pores 
found in C-HA/S and Y-HA/S compared to the uncalcined AR-HA/S. In addition, 
increasing the sintering temperature considerably reduced the number of micro-pores. 
(n = 5 quadrants; error bars denote the standard deviation; S denotes statistically 
significant difference, NS denotes not significant; * analysis determined by one-way 
ANOVA test; ** indicates the analysis was determined by a t-test). 
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diminished when scaffolds were processed at 1250 °C. The sizes of the micro-pores were 
found to be less than 2 µm in all samples. Fig. 6-25 depicts the estimated micro-pore 
frequency measured per 100 µm2 for all hydroxyapatite scaffolds. Y-HA/S displayed the 
greatest micro-porosity frequency at both sintering temperatures, with respect to the C-
HA/S, which was significantly greater as determined by a one-way ANOVA test. The Y-
HA/S micro-porosity measured at 1250 °C was approximately 6.8 per 100 µm2, whereas 
for the C-HA/S at the lower sintering temperature of 1200 °C was approximately 5 per 
100 µm2.  
 
6.3.6.3.3 Energy Dispersive Spectroscopy (EDS) 
EDS analysis was performed on the hydroxyapatite grains for all samples, and was 
initially employed to elucidate the difference between the primary and secondary grain 
structures observed. The instrument was able to detect the elemental constituents of 
hydroxyapatite in all samples, which are calcium, oxygen and phosphorous; hydrogen is 
undetectable by the instrument. Initial EDS analysis revealed that the secondary grain 
structures exhibited a relatively high oxygen intensity, with respect to phosphorus (Fig. 
6-26 (a)). In contrast, microstructural sites lacking in secondary grain structures presented 
with a relatively low oxygen intensity peak (Fig. 6-26 (b)). Examining the peak intensities 
of the main oxygen peak at 0.5 keV and phosphorus peak at 2.0 keV, revealed an oxygen-
to-phosphorus ratio of 1.44 for Fig. 6-26 (a) and 0.89 for Fig. 6-26 (b).  
EDS analysis was further performed on different sites on C-HA/S grain in order to 
determine the precise location of the oxygen discrepancy, and a representative image is 
portrayed in Fig. 6-27. Preliminary examination between the grain boundary (Site 1) and 
the grain body (Site 2) disclosed no discernible difference. However, narrowing the site 
examined at the grain boundary (Site 3) produced an EDS spectrum with oxygen 
intensities lesser than that of calcium and phosphorus, which is in contradiction to the 
other two sites; with an oxygen-to-phosphorus ratio of 1.24, 1.12 and 0.87 for Sites 1, 2 
and 3, respectively. The peak intensity ratio between oxygen and calcium, at 3.7 keV, 
also decreased at Site 3; with values of 1.73, 1.12 and 0.93 for Sites 1, 2 and 3, 
respectively.  
 The aforementioned behaviour was further investigated by EDS mapping of the 
grain sites. As Fig. 6-28 and Fig. 6-29 attest to, oxygen-deficiency were observed only 
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on exposed HA grain boundaries (i.e. were secondary grains were absent (Fig. 6-29)), 
wherein the deficiency thereof was congruent to the grain boundary. The EDS mapping 
of calcium and phosphate presented with uniform distribution throughout the grain, with 
unremarkable characteristics.  
 
 
Fig. 6-26. SEM (SE) micrographs representative of the grain morphology observed in 
the as-received 1250 °C (a), and C-HA/S (b); both micrographs are accompanied by 
their respective EDS spectra of sites. Note the difference in oxygen-phosphorus 
proportion between the two, with an O:P ratio of 1.44 for (a), and a ratio of 0.89 for 
(b). 
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Fig. 6-27. SEM (SE) micrograph of a C-HA/S grain sintered at 1250 °C that was 
analysed at three different sites (a), and their corresponding spectra (b). Site 3 
produced an oxygen peak smaller than that of calcium and phosphorous ions, which 
was not observed in Site 1 or 2, inferring the grain boundary was oxygen deficient. 
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Fig. 6-28. EDS mapping performed on the microstructure of an AR-HA/S sintered at 
1250 °C (scale bar = 500 nm). The data reveals that all three elements were 
homogenously distributed across the hydroxyapatite grain. The oxygen-to-phosphorus 
ratio for this site was 1.42. 
 
Fig. 6-29. EDS mapping performed on the microstructure of C-HA/S sample sintered at 
1250 °C. An oxygen-deficient area congruent to the hydroxyapatite grain boundary can 
be observed; conversely, phosphorous and calcium ions were homogenously distributed 
(scale bar = 500 nm). The oxygen-to-phosphorus ratio for this site was 0.63, which is 
again lower than that of sites where the grain boundary is impeded by the secondary 
structures emanating therefrom.  
Phosphorous Calcium 
Oxygen 
Phosphorous Calcium 
Oxygen 
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EDS mapping was also conducted on Y-HA/S samples, and a representative image is 
illustrated in Fig. 6-30. In addition to displaying the presence of calcium, oxygen and 
phosphor, yttrium was detected. Thus, yttrium was either incorporated into the HA grain, 
or adsorbed onto the surface. With regards to the distribution of yttrium, EDS mapping 
revealed a homogenous distribution across the HA grain. Furthermore, oxygen-deficient 
regions previously observed in the C-HA/S were not evidenced at the grain boundary. A 
ratio between oxygen and phosphorus could not be determined, as the peaks for yttrium 
(L; 1.92) overlapped with the phosphorus (K; 2.01), and hence produced a phosphorus 
peak that was a combination of the two elements.  
 
Fig. 6-30. EDS mapping performed on a hydroxyapatite grain of Y-HA/S sample 
sintered at 1250 °C (scale bar = 1 µm). the figure clearly demonstrates that yttrium was 
detected in Y-HA/S, and that its distribution was uniform across the hydroxyapatite 
grain. Furthermore, a clear oxygen-deficient region was not descried, as observed in 
Fig. 6-29.  
 
6.4 Discussion  
In this study, the effects of two pre-calcination approaches on an HA scaffold properties 
were examined. The effects were numerous, and conclusively beneficial to the aims of 
the project, amalgamating in a remarkable improvement to the compressive strength of 
extruded scaffolds; from 20.4 MPa for the AR-HA/S to 105.9 and 127.3 MPa for the C-
Phosphorous Calcium 
Oxygen Yttrium 
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HA/S and Y-HA/S, respectively. The alterations due to calcination are outlined in Table 
6-5, and will be discussed thereafter. 
Table 6-5. Summary of the calcination effects. The green and red arrows are used to 
denote increases and decreases, respectively, and blue arrows indicate no change. 
Particle Properties Paste Properties Scaffold Properties 
 
Particle size 
 
Packing Density 
 
Stoichiometry 
 
Powder density 
 
Extrusion force 
 
Thermal Stability 
 
Surface Area 
 
Stiffness* 
 
Bulk Porosity 
 
Powder morphology 
  
Compressive Strength 
 
Stoichiometry 
  
Grain Size 
 
Thermal Stability 
  
Micro-porosity 
* As visually inspected 
 
6.4.1 The Effects of Calcination on Powder Properties 
The most noticeable change in particle properties as a result of calcination was to the 
particle morphology. The as-received hydroxyapatite powder’s propensity to agglomerate 
into near-spherical agglomerates was exploited to form near-spherical primary particles. 
At 1000 °C, sufficient heat was supplied to provide the nano particles with energy for 
superficial diffusion to take place, thereby merging adjacent nano primary particles into 
coalesced micro-sized primary particles. Spherical particles have been demonstrated to 
attain the highest packing density in ceramic fabrication processes [332], and were 
successfully attained when powders were calcined at 1000 °C. Therefore, less organic 
constituents will need extracting from the extrudates, and thereby reducing chances of 
larger voids and inhomogeneous shrinkage that consequently result in the formation of 
defects [406-409]. In addition, the calcined powders consisted of particles with a wider 
size distribution, which again has been proven to augment particle packing [229, 332]. 
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Furthermore, the addition of 10 wt% yttria resulted in HA particles that exhibited a more 
angular morphology. It is uncertain as to why this had transpired, however, it is clear the 
addition of yttria influenced the particle growth.  
The substantial decrease in surface area was reflective of the changes to the 
primary particle size, which grew by a few orders of a magnitude in size. Previous studies 
into the effects of calcination revealed significant decreases to the surface area, however, 
the decreases observed in this study were one the highest found, as Table 6-6 
demonstrates. Indeed, parameters such as calcination temperature, dwell time and particle 
morphology, influence the final surface area produced. 
 
Table 6-6. The effect of calcination on hydroxyapatite surface area of other work. The 
percentage decrease in surface area following calcination recorded in the present study 
was amongst the highest found in the literature. 
Before calcination  
(m2 g-1) 
After Calcination (m2 g-1)  
(temperature in celsius) 
Percentage 
decrease (%) 
Ref 
107.9 4.95 (1200) - 95.4 Present study 
127 44 (550) - 65.4 [410] 
12.4 1.4 (800) - 88.7 [411] 
43.5 5 (1000) - 88.5 [412] 
43.5 0.97 (1200) - 97.8 [412] 
104 3 (1000) - 97.1 [413] 
8.4 0.8 (1000) - 90.5 [414] 
 
The marginal difference in surface area between the C-HA and Y-HA powders 
were attributed to the latter consisting of Y2O3 particles that were smaller than the HA 
particles, rather than attributing it to the incorporation of yttrium into the apatite lattice. 
The incorporation of ions thereto indeed influences lattice parameters that consequently 
affect particle size during calcination [415, 416]; however, the XRD analysis did not 
suggest the incorporation of yttrium into the HA. In both cases, the decrease in surface 
area would also improve particle packing density, as a decrease in surface area is expected 
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to attenuate agglomeration, and hence influence subsequent ceramic processing [227, 
243]. All these effects on the particle morphology culminated in an increase in powder 
density as measured by the helium pycnometer, which provided the first insight into an 
improved packing behaviour. In the previous chapter, the density measurement was 
considered a prefigure for solid loadings during paste formulation. The Y-HA presented 
with a higher density than that of the C-HA, which was attributed to yttria’s inherently 
higher density of 5.01 g/cm3.  
 
6.4.1.1 The Effect of Calcination on Chemical Properties 
Further to the physical changes, calcination of the powder altered the chemical properties 
thereof. In both the C-HA and Y-HA powders, and with respect to the as-received 
powder, a transformation from non-stoichiometric to a stoichiometric HA was obtained, 
as evinced by the striking intensities of the FTIR and XRD patterns. Fig. 6-4 highlighted 
the evolution of the AR-HA powder with increasing calcination temperature, from an ill-
defined to a well-defined pattern. The evolution further confirmed the increase in particle 
size observed by the particle size analyser: the ill-defined pattern of the AR-HA powder 
was indicative of nano-size primary particles [342, 354] but transitioned to narrower 
peaks, which is associated with an increase to particle size [417].  
The emergence of the hydroxyl group in C-HA and Y-HA was attributed to the 
re-hydroxylation process that the calcined powders underwent. Re-hydroxylation of 
hydroxyapatite can occur, so long as a critical temperature has not been exceeded [418]. 
Upon heating, the ceramic will undergo de-hydroxylation, which below a certain critical 
temperature the HA crystal structure is retained, thereby allowing HA to rehydrate during 
cooling. Thus, it can be deduced that calcining the as-received powder at 1000 °C resulted 
in re-hydroxylation of the HA lattice7. Typically, irreversible de-hydroxylation occurs 
over 1200 °C [418]. Hydroxyapatite lacking the hydroxyl group will be more susceptible 
                                                 
7 Re-hydroxylation may explain why the starting β-TCP powder in Chapter 6 had traces 
of hydroxyapatite. It was acknowledged that the β-TCP was calcined by the manufacturer, 
whereby the lattice may have accepted a hydroxyl group during calcination, thereby 
resulting in the presence of trace HA. Then when sintered at 1200 °C, the OH- was 
liberated resulting in phase-pure β-TCP. Biphasic calcium phosphates are a subject of 
great interest, and the synthesis by ‘re-hydroxylation’ through atmospheric moisture may 
provide a cheaper alternative.  
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to decomposition into anhydrous calcium phosphate phases [367]. The addition of yttria 
did not perturb the rehydration process; it is likely that calcining at 1000 °C did not induce 
ionic substitution of the admixture, and hence interfere with the OH- group entering the 
HA lattice, despite the addition of 10 wt% Y2O3. 
 
6.4.1.2 The Effects of Calcination on Thermal Properties 
As was expected, the calcined powders possessed a more favourable thermal 
characteristic, which can be explained in two parts. First, the improved packing density 
equated to fewer voids, and hence particles required a shorter distance to travel for 
densification to occur. Second, the decrease in surface area inevitably required a greater 
energy for densification to commence, hence the increase to the sintering onset and 
endpoints. As for the Y-HA sample, it is uncertain as to why the material underwent a 
relatively noticeable linear expansion. Said observation in yttria-substituted ceramics 
have been attributed to phase transformation [419], and indeed expansion due to phase 
transformation was observed in the previous chapter with the transformation of β-TCP to 
α-TCP (Fig. 5-5); however, no HA phase transformation was confirmed for Y-HA. Other 
causes of dilatometric expansion have been ascribed to the removal of volatile and the 
formation of liquid phase [386]. Yttria has been demonstrated to dilatometrically expand 
up to 1550 °C [420], and it is plausible that the effects were conferred upon Y-HA. With 
regards to the increase in sintering onset and endpoint, it could be reasoned that this was 
due to yttria’s relatively higher sintering properties.  
A further possible explanation to the observed thermal expansion is the 
reorientation of the particles, which precedes the densification thereof, when heat is 
applied to a particulate system [229]. Hydroxyapatite [421] and biphasic calcium 
phosphate [422] have been demonstrated to undergo expansion at temperatures below 
800 °C. The Y-HA powder was the only material to exhibit a discernible expansion, 
which could be due to the material consisting of two distinct particle morphologies as a 
result of expansion during particle orientation therefrom.   
 DSC analysis of AR-HA and C-HA presented with two endothermic reaction at ~ 
935 and 1315 °C, however, it was the latter event that was believed to pertain to phase 
transformation, as HA has been demonstrated to decompose above 1300 °C [298, 366, 
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423, 424]. Once again, the absence thereof in the Y-HA is attributed to the material’s 
enhanced thermal stability.  
 
6.4.2 The Effect of Calcination on Paste Properties 
The effects of pre-calcination were also realised during subsequent processing steps. Both 
calcined powders led to the formulation of pastes with a higher solid loading (Table 6-3). 
In fact, the initial pastes formulated with the C-HA had to be repeated, because the pastes 
were difficult to handle post-extrusion. Water was observed to seep out of the paste, 
which indicated that a too excess distilled water content was used, and under pressure led 
to phase separation. On the second attempt with a solid loading of 42 vol%, the extrudates 
were notably stiffer, and were able to be handled post-extrusion. Despite the higher solid 
loading, a considerably lower extrusion force was required for extruding calcined pastes, 
which infers that a better binder coverage of the primary particles was achieved.  
Fig. 6-31 illustrates the microstructure observed in green body samples. In the 
AR-HA paste micrograph (Fig. 6-31 (a)), outlines of the agglomerates were clearly 
observed, thereby confirming the previously postulated notion with regards to binder 
coating of agglomerates. In the previous chapter, it was reasoned that the high extrusion 
forces required for the as-received HA extrudates were as a result of particles in a state 
of direct contact with one another, and thus necessitated particle-particle contact flow. In 
contrast, examining the green bodies of calcined extrudates demonstrated the lack of 
agglomeration formation, and consequently complete lubrication of primary particles 
were attained. Hence, these micrographs confirmed that the AR-HA required an 
additional treatment to improve the overall processing thereof. From an industrial 
perspective, reducing the solvent content by simply calcining the powders could reduce 
the overall running costs. 
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Fig. 6-31. SEM (SE) micrographs of green extrudates in (a) AR-HA (b) C-HA pastes. 
Binder coating in AR-HA appeared to coat agglomerates, and not the individual 
primary particles. The ideal green extrudate should have the binder coating the 
individual primary particles, and thereby preventing particle-particle contact during 
extrusion that would result in high extrusion forces. 
 
6.4.3 The Effects of Calcination on Scaffold Properties 
Pre-calcination affected the scaffold’s chemical, physical, mechanical and 
microstructural properties. In addition to achieving remarkable compressive strength 
values, a greater bulk porosity was attained: both of which would result in scaffolds with 
improved clinical outcome. The colour change occurred once again, which is attributed 
to manganese, but paler. Alterations to the microstructure and chemical structure were 
also observed. 
 
6.4.3.1 Chemical Properties 
6.4.3.1.1 XRD 
The chemical structure of the calcined scaffolds resulted in scaffolds with higher 
crystallinity. Comparing the hydroxyapatite peak intensities of the two calcined samples 
revealed that sintering at 1250 °C resulted in the Y-HA/S exhibiting greater HA peaks 
than its counterpart, having previously demonstrated relatively lower intensities at 1000 
and 1200 °C (Fig. 6-32). Furthermore, the HA peaks in Y-HA/S were found to shift to 
higher angles, with respect to the HA peaks in C-HA/S.  This is believed to be caused by 
yttrium, which has a similar atomic radii to calcium but a lower ionic radii, entering the 
HA lattice and eliciting the peak shift to the right [165]. In addition, the yttria phase in Y-
2.5 µm 
(a) 
1 µm 
(b) 
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HA/S were found to decrease in peak intensity upon sintering, and thus, further 
corroborating the inclusion of yttrium into the HA lattice. Examining the relative intensity 
between the largest hydroxyapatite and yttria peaks, at 31.7 and 29.1 ° two-theta, 
respectively, (Fig. 6-5 and Fig. 6-12) revealed the ration of HA:Y2O3 increased from 1.77 
to 2.33 to 2.46, at 1000, 1200 and 1250 °C, respectively; which is a total by 39.0%.  
Hydroxyapatite’s tendency to decompose into other calcium phosphate phases 
could explain the cause of the decrease in HA intensity at 1250 °C from 1200 °C in the 
AR-HA/S and C-HA/S. Thus, it can be deduced from the XRD data that the incorporation 
of Y2O3 resulted in a more phase-stable HA at 1250 °C, thereby mitigating its tendency 
to decompose into other calcium phosphate phases.   
 
6.4.3.1.2 FTIR 
FTIR analysis further established the enhanced phase stability of the calcined scaffolds 
over the AR-HA/S. Only the AR-HA/S exhibited a functional group pertaining to a 
calcium phosphate other than HA. The re-hydroxylation that occurred during the 
calcination step provided C-HA/S and Y-HA/S with the incorporation of the hydroxyl 
group into the apatite structure, which consequently resulted in a more stable, 
stoichiometric HA; and therewithal with the increased thermal stability as a consequence 
of calcination, precluded the decomposition into anhydrous products.  
 The Y-HA/S presented with a relatively lower OH- group at 3570 and 630 cm-1 
with respect to C-HA/S. This is in agreement with a previous study, who also calcined 
HA with 10 wt% yttria [405]. They attributed the change in hydroxyl peak intensities to 
the charge compensation as a result of Ca2+ substitution by Y3+.  Indeed, if the inclusion 
of yttria facilitated de-hydroxylation, then the EDS map would have presented with an 
oxygen-deficient area at the grain boundaries (Fig. 6-30).  
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Fig. 6-32. Superimposed XRD patterns of the calcined and Y-HA scaffolds, ranging 
from 30 to 35 two-theta. The hydroxyapatite peaks in Y-HA/S shifted to the right with 
increasing temperature. Additionally, at 1250 °C, the hydroxyapatite peak intensities 
were greater than that of C-HA/S, which was not observed at 1000 (as-calcined) and 
1200 °C. 
 
6.4.3.2 Physical and Mechanical Properties 
As expected from characterising the powders, the calcined scaffolds underwent a lower 
degree of shrinkage, which resulted in an increase to both cell lengths and strut thickness. 
The significance of this was that the increase in cell length was attributed to the increase 
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in bulk porosity, whereas the increase in strut thickness enhanced the compressive 
strength. An increase in strut thickness equated to a larger area for the load to be applied, 
however, the increase in compressive strength, particularly at 1250 °C, was 
disproportionate to the increases observed in strut thicknesses, in comparison to the AR-
HA/S struts. Thus, the increase in compressive strength can only be partly ascribed to the 
increase in strut thickness. Other contributing factors were believed to include the 
decrease in shrinkage, which is associated with fewer defects; improved thermal stability; 
and the lack of β-TCP secondary phases, since this phase is inherently weaker than HA. 
 The effect of yttria on the compressive strength, from comparable values at 1200 
°C to significantly different at 1250 °C, can again be partly attributed to the 
aforementioned reasons, and also to the difference observed at the microstructural level. 
To the author’s best knowledge, this is the first experiment to be conducted on HA 
scaffolds using yttria as the dopant. Previous studies using other dopants were also 
successful in attaining calcium phosphate scaffolds with improved mechanical properties, 
and have ascertained the cause to higher thermal stability [169] and increased 
densification [425].  
 
6.4.4 Microstructural Properties 
6.4.4.1 Secondary Imaging 
While composed of markedly larger primary particles, the calcined scaffolds presented 
with smaller grain sizes at both sintering temperatures: such is the advantage of using raw 
powders that do not exhibit enhanced sintering.  
 Both calcined samples progressed slower through the sintering process than the 
AR-HA/S, particularly at 1200 °C, where the microstructure demonstrated early sintering 
neck formation, and was more pronounced in the Y-HA/S. At 1250 °C, the temperature 
difference was sufficient in increasing the thickness of the sintering necks to great effect, 
thereby transitioning a sintering stage. Equally, the level of micro-porosity significantly 
decreased. The relationship between porosity and compressive strength is non-linear, and 
in certain conditions, exponential. In this study, the decrease in micro-porosity was a 
consequence of the increase in the thickness of sintering necks, which disappeared at 
1250 °C due to adjacent grains merging.  
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Fig. 6-33. The stages of sintering. The initial stage of sintering begins with the 
formation of the sintering necks between adjacent primary particles at their point of 
contact. The size of the necks continues to grow, closing the voids in between the 
particles. The final stage is complete densification of the system. It was believed than 
increasing the sintering temperature from 1200 to 1250 °C resulted in C-HA/S and Y-
HA/S transitioning from the initial to the intermediate sintering stage. 
 
The more coalesced microstructure observed at 1250 °C could also explain the 
remarkable rise in compressive strength, over a relatively short increase in temperature. 
Densification in ceramics is a sigmoidal event [227], whereby certain temperature ranges 
will exhibit greater densification to others comparable in range; and previous studies have 
demonstrated that hydroxyapatite is no different [342, 426, 427]. As compressive strength 
is a function of densification, it stands to reason that the mechanical properties also follow 
a sigmoidal trajectory [428], with other factors being constant. An earlier study examining 
the effects of sintering on ceramics have also noted significant increases in density when 
the temperature was increased by 50 °C, and wherein slight density enhancements were 
descried by the same increment before and after the particular inflexion point [429].  
 The cause of the delayed sintering in the calcined samples can be attributed to an 
increase in solid loading and the considerably lower surface area of the calcined powders. 
In a particulate system, the reduction in surface area reduces the sintering driving force, 
and thus suppresses densification. Similarly, more particles within the system would 
require more heat for sintering to occur. 
Loose Powder 
Initial Intermediate 
Final 
Sintering  
neck 
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 Furthermore, the prevalence of secondary grain structures was significantly 
reduced in the calcined scaffolds, and seldom descried in the Y-HA/S. The incorporation 
of yttria may have mitigated the formations of phases (e.g. -tricalcium phosphate and 
tetracalcium phospate) with conflicting thermal expansion to hydroxyapatite, thereby 
strengthening the overall structure. As for the yttria grains in Y-HA/S, they appeared to 
bond well with the hydroxyapatite grains, and evidence of fractures as a result of their 
bonding were not observed. On the contrary, the yttria grains near fracture sites were 
relatively intact, and were referred to as ‘yttria bridges’, because of their appearance over 
micro-fissures. The micrographs inferred that the yttria phase provided reinforcement to 
the HA matrix, and thus contributed towards the significant increase in the compressive 
strength at 1250 °C, with respect to C-HA/S. Moreover, said features comprised grain 
sizes in the nano region, thereby requiring greater energy for the cracks to propagate [117, 
430, 431].   
 
6.4.4.2 EDS Analysis 
EDS maps revealed that the grain boundaries were the cause of the discrepancy in oxygen 
intensity. This is unsurprising, given that the energy at the boundary is higher than that 
of the grain body, and hence the primary site for oxygen liberation. De-hydroxylation of 
the grains prefigure phase transformation, and hence why the nucleation thereof also 
occurred at the grain boundary.  
 Furthermore, EDS maps highlighted the presence of yttrium in HA grains (Fig. 
6-30). The changes elicited by yttrium to the hydroxyapatite’s chemical structure 
observed in XRD and FTIR analyses unequivocally suggest that yttrium was incorporated 
within the HA lattice, as opposed to bonding superficially to the HA grains. The EDS 
maps further verified yttrium’s stronger bond to oxygen than calcium, as the presence of 
oxygen-deficient sites were not observed, indicating that the stronger bond between 
oxygen and yttrium minimised the liberation of the former at the grain boundary. This 
could also explain the higher hydroxyapatite XRD peak intensities observed in Fig. 6-12. 
 
 189 
6.5 Comparison to Other Work 
The higher porosity and remarkable increase in compressive strength accomplished in the 
present study widens honeycomb extruded-scaffolds application in bone graft substitution 
where both aspects may have been a limiting factor in scaffolds fabricated using the as-
received powder. As mentioned in the 1.1, only three studies known to the author have 
reported hydroxyapatite scaffolds with compressive strengths above 100 MPa. The 
porosity values obtained herein were in the cancellous bone region but the compressive 
strengths are akin to cortical bone. Optimising the honeycomb extrusion process could 
further yield higher strengths. Examples of optimisation include pore geometry, sintering 
parameters, and the use of additional organic additives to increase the solid loading of 
HA pastes.  
Surveying the literature for ionically substituted hydroxyapatite scaffolds have 
yielded far more impressive proportionate increases in compressive strength as a result 
of doping. However, as Fig. 6-34 portrays, such increase tend to be in compressive 
strength from below to above 1 MPa, and hence the final compressive values are 
unimposing. As Fig. 6-34 illustrates, it is much more difficult to increase the compressive 
strength when the undoped values are above 100 MPa, for example in dense bodies, and 
thus, increases of less than 100% are the norm. It will be interesting to see if such 
increases observed in the weaker structures can be replicated by the process utilised in 
this study; for example, when doping with zirconia (Fig. 6-34). The remarkable increases 
observed when the calcium in β-TCP scaffolds were ionically substituted with other 
cations merits a mention [169, 432], as it further demonstrates the utility of ionic 
substitution for tailoring the properties of other calcium phosphate scaffolds.  
  190
 
Fig. 6-34. Select collection of data that have reported the compressive strength of 
doped HA, presented as a function of percentage increase to their respective undoped 
HA sample (open diamonds are scaffolds; open circles are dense materials; [260, 385, 
425, 432-436]. The red, open diamond is that of Y-HA fabricated in the present study. 
The graph illustrates a moderate percentage increase in compressive strength was 
obtained by doping hydroxyapatite with yttria. Furthermore, larger percentage 
increases were typically seen with materials possessing lower compressive strengths. 
 
 When porosity is taken into account, the Y-HA/S results obtained in this study are 
impressive, and exceeded other biphasic ceramic composites, in which high-strength 
ceramics were composited with HA for their crack arresting mechanisms [437], as 
illustrated in Fig. 6-35. The figure also includes examples of dense scaffolds composited 
with bioactive metals, which additionally demonstrates the impressiveness of the Y-HA/S 
properties. 
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Fig. 6-35. Compressive strength as a function of porosity of composite HA. The open 
diamonds denote HA-ceramic composite; open circles denote HA-metal composite 
[260, 432, 435, 436, 438-441]. The red, open diamond represents the data obtained in 
the present study. The values of cortical bone [442, 443] and cancellous bone [444-
446] are included for comparison. The strength of the Y-HA (red, open diamond) can be 
seen to possess a unique balance between compressive strength and porosity, in 
contrast to other researchers’ findings.  
 
6.6 Summary of Chapter 
Altering the powder morphology by pre-calcination resulted in a cascade of positive 
effects within the fabrication process, which culminated in scaffolds with a high 
compressive strength that soared from 20.4 MPa to 127.3 MPa. In addition, the bulk 
porosity increased; for example, when scaffolds processed at 1250 °C the increase was 
from 40 vol% in the AR-HA/S to 45 vol% in the C-HA/S. The main advantages 
determined by pre-calcination were: (a) attaining a higher solid loading; and (b) an 
increase in surface area. In concert, the effects reduced the shrinkage characteristic of the 
scaffolds, thereby mitigating defects associated with shrinkage. The reduced shrinkage 
also resulted in wider struts that were able to sustain larger compressive loads. In addition, 
SEM analyses of the scaffolds revealed that pre-calcining the powders resulted in a 
microstructure with finer grain sizes, a decrease in dehydroxylation and phase 
decomposition, and an increase in micro-porosity; all of which have been reported to 
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enhance the compressive strength of ceramics. All of the aforementioned feats may have 
synergistically enhanced the compressive strength of scaffolds fabricated using the 
calcined powders. 
 In addition, the chapter demonstrated the positive affect of doping the raw 
material with 10 wt% Y2O3. The oxide further supressed densification, de-hydroxylation 
and crack propagation. No significant difference in compressive strength was observed 
between the undoped and yttria-doped calcined HA at 1200 °C, however a significant 
difference was observed at 1250 °C. 
 As stated in the introduction, the ionic substitution and co-substitution, whereby 
more than one element is incorporated, of hydroxyapatite has been extensively explored. 
These investigations were not without merit, as human bone is comprised of 
nonstoichiometric hydroxyapatite with trace elements of carbon, magnesium, sodium, 
potassium, chlorine and fluorine [447]. Doping of hydroxyapatite is a means of tailoring 
the physical and biological properties thereof, and, unlike certain facets of honeycomb 
extrusion, can be translated and utilised in different fabrication techniques. Thus, 
pursuing such investigations would have a greater research impact in the field of bone 
graft substitution. The relatively simple compositing procedure work presented in this 
chapter was necessary insofar as it demonstrated compositing can improve the 
mechanical properties, and provided a suitable foundation for understanding the effects 
of compositing HA on the extrusion process. The next objective will be to fabricate a 
composite with more of the abovementioned ions incorporated.  
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Chapter 7: Porous Hydroxyapatite-
Bioactive Glass Hybrid Scaffolds 
 
Materials from different categories have been assessed as potential scaffolds for synthetic 
bone grafting. Each material class has its respective advantages and disadvantages. 
Recent advances in the composite field have demonstrated that distinct materials can be 
combined to address the other’s shortcomings, but also may produce a new material with 
characteristics different from the parent materials. To advance the work from the previous 
chapter, where several ions prevalent in bone are to be incorporated in the HA scaffolds, 
and thereby achieving greater compositional mimicry; as well as keeping in-line with the 
project’s objectives of finding approaches to improving the mechanical properties of 
extruded HA scaffolds, this chapter details the research conducted into HA-bioactive 
glass composites. HA composited with bioactive glass has been explored for over two 
decades, however, this is the first study to utilise this approach with a fabrication 
technique that forms aligned porous architecture. Furthermore, this is the first study to 
demonstrate the use of ceramic extrusion for fabricating ceramic-glass composites. 
 
7.1 Introduction 
In the previous chapter, it was demonstrated how pre-processing of the hydroxyapatite 
(HA) powder can be applied to augment the mechanical properties of scaffolds in a simple 
manner yet yields effective results. However, concentrating on the mechanical properties 
would be to focus on one of the triad of qualities that are required for a bone graft; the 
other two being porosity and biological properties (Fig. 7-1). Hydroxyapatite, albeit 
possessing relatively high mechanical properties for a calcium phosphate (CaP), is 
considered to bear poor bioresorbability, which is the chief criticism for its use as a bone 
graft. Oonishi et al. (2000) investigated the in vivo bioresorbability of synthetic HA 
particles and discovered that the material failed to resorb within the twenty-four week 
assessment [448]. The same study investigated Bioglass® powders, a bioactive glass, and 
demonstrated its enhanced bone formation and resorpability over HA.  
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Fig. 7-1. The triad of properties that govern the efficacy of a scaffold. When fabricating 
a bone scaffold, one has to consider the biological, physical (e.g. porosity) and 
mechanical properties (e.g. compressive strength) thereof. 
 
The bioactive silicate glass, 45S5 Bioglass® was the first man-made biomaterial 
discovered to bond to living bone and tissues [449-451]. Bioglass® (BG) comprises 45 
wt% silica, 24.5 wt% calcium oxide, 24.5 wt% sodium oxide and 6 wt% phosphate, 
wherein the latter three oxides naturally occur in bone. Silica is one of few oxides required 
to form a glass, and its cytotoxicity is inconclusive. However, the oxide is known to 
facilitate bone bonding by forming a Si-rich layer at the interface. BG forms a strong 
bond with bones when exposed to physiological body fluids. The biomaterial has been 
proven to induce vascularisation in vivo, increase osteogenic and angiogenic gene 
expression in vitro, and promote mineralisation. Moreover, BG degrades in physiological 
milieu, and the ionic dissolution products may enhance new bone formation through a 
direct control over genes that regulate cell induction and proliferation. Furthermore, 
Bioglass® induces the formation of a hydroxycarbonate apatite (HCA) layer that bonds 
the biomaterial to the surface of bone. Thus, for bioactivity, Bioglass® is preferred over 
HA. A drawback of Bioglass® is its lack of structural viability, and is used mainly in the 
form of powders pressed into bone defects, as surgical putty or as coatings for metal 
Biological 
Mechanical Physical 
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implants [451, 452]. Thus, as one addresses the other’s shortcomings, a HA and BG 
composite has been regarded as a promising material for bone graft substitute. 
 Research into HA reinforced with BG has been conducted for over two decades. 
Research has demonstrated that the addition of  ≤ 5 wt% of BG® [453, 454], as well as 
other bioactive glass [455], can improve the biological properties of HA. Equally, 
increases in mechanical properties were also reported when BG was added, and for other 
bioresorbable ceramics as well [220, 290, 456]. At typical HA sintering temperatures, the 
glasses melt, and through capillary forces and particle rearrangement, enhances the 
densification of HA [455-458]. This type of sintering is commonly referred to as liquid 
phase sintering, whereby the liquid phase occupies the voids in between the ceramic 
particles, and binds them together. The simultaneous improvements to both mechanical 
and biological properties were the primary reasons for compositing bioactive glass with 
HA: to address HA’s drawbacks. Other justifications for the ceramic-glass approach 
include: 
 Glass itself can be tailored with respect to composition, which can further 
expand the hybrid system’s versatility to meet specific demands; 
 Unlike bioactive polymers, glasses are thermally treated at temperatures 
comparable to ceramics; 
 The liquid phase sintering aspect of glasses may accommodate the inclusion of 
metals that cannot bind directly to ceramics by conventional sintering; 
 And, since ceramic-glass composites have not been explored via honeycomb 
extrusion, the technology can be translated to other fields and open new 
opportunities, such as solid oxide fuel cells. 
In general, glasses containing CaO-P2O5-Na2O have been considered as having 
an enormous potential because of their analogous elemental composition to the inorganic 
component of bone [459]. Another bioactive glass with great potential is canasite. When 
transformed into a glass-ceramic, canasite demonstrates exceptional mechanical 
properties in comparison to BG. Furthermore, canasite contains additional beneficial 
compounds that have elements prevalent in bone [454] but not found in BG, which are 
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calcium fluoride (CaF2) and potassium oxide (K2O)
8. The former has been demonstrated 
to form a fluorapatite layer in vivo, which is more chemically stable than a HCA layer; 
and the latter reduces the glass’s tendency to crystallise  [460]. Hence, the aforementioned 
benefits make canasite an attractive candidate for compositing with HA. 
In this study, the results of hydroxyapatite scaffolds reinforced with three different 
bioactive glasses are reported. The glasses investigated were stoichiometric Bioglass® 
(BG1), canasite (CAN) and a calcium-excess Bioglass® (BG2).  The principle aim was 
to fabricate a hybrid scaffold that combines the advantages of HA with said bioactive 
glasses. The glasses were added as 10 wt% of the overall HA-bioactive glass admixture, 
which in the previous chapter was demonstrated as a sufficient proportion in obtaining a 
biphasic material. The chapter will first detail the synthesis, and the grinding of the glass 
into a fine powder suitable for extrusion. Subsequently, the melting point and 
crystallisation behaviour were identified before finalising the heating profile; the former 
being pertinent in identifying temperatures that conduce a liquid phase of the glass. Once 
confirmed, the fabrication of a HA reinforced with 10 wt% glass proceeded, and 
thereafter the obtained scaffolds were characterised in the same manner as in earlier 
chapters. 
 
7.2 Experimental Procedure 
7.2.1 Materials 
7.2.1.1 Hydroxyapatite 
The commercial hydroxyapatite powder was again used, and prior to mixing with the 
bioactive glass powder, was calcined as detailed in section 6.2.  
7.2.1.2 Bioactive Glass 
The bioactive glass powder was synthesised in-house using the melt-derived route. The 
source materials used were Sand (SiO2), Limestone (CaCO3), Soda Ash (Na2CO3) 
                                                 
8 This is an added benefit of using canasite over other glasses, namely glasses containing 
ions that are not naturally found in the body (e.g. titanium oxide) or that are detrimental 
to bone (e.g. lithium oxide in lithium-substituted bioactive glasses).  
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(Glassworks Services, UK) and ammonium dihydrogen phosphate (ADP) (Acros 
Organics, UK). For the preparation of canasite, Pot Ash (K2CO3) (Glassworks Services, 
UK) and analytical grade calcium fluoride (Fisher Scientific, UK) were used. Table 7-1 
enumerates the oxide composition of all three bioactive glasses. Once the composition 
was determined, the source materials were left to dry overnight in a furnace at 180 °C, 
except for the ADP which had a melting temperature of 190 °C and was dried overnight 
at 120 °C. The source materials were then weighed and mixed thoroughly until large 
agglomerates were removed and a homogenous powder colour was obtained. The mixture 
procedure comprised a high-shear energy mixer and manual mixing using an industrial 
palette knife. Once mixed, the batch powder was poured into a plastic bag and sealed until 
melting.  
 
Table 7-1. Theoretical glass composition of the bioactive glass used in this study. 
 
Melting was performed in mullite crucibles9, which prior to the day of melting 
where placed in a furnace that was gradually heated to 1100 °C at a rate of 1 °C/min in 
order to prevent thermal shocking of the crucible. Once left to dwell for 1.5 hours after 
reaching said temperature, the mullite crucible was then transferred using steel tongs to a 
furnace which was already pre-heated to the melting temperature of 1450 °C, and left to 
thermally equilibrate for 15 minutes. Once equilibrated, the crucible was removed from 
the furnace and the source materials were poured using an alumina scoop. The addition 
                                                 
9 fabricated in-house via slip casting; three-part alumina, two-part silica. 
Glass component CAN, mass% BG1, mass% BG2, mass% 
SiO2 58.4 45 45 
P2O5 4.6 6 6 
Na2O 3.7 24.5 19.5 
CaO 15.5 24.5 29.5 
K2O 7.6 N/A N/A 
CaF2 10.2 N/A N/A 
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of the source materials was performed in three tranches to avoid overflowing the crucible. 
The powder was melted for 4 hours before casted as a frit in a bucket filled with distilled 
water. A basket was placed inside of the bucket to collect the frit. The frit, illustrated in 
Fig. 7-2, was then crushed and ground into fine glass powder. The grinding procedure is 
detailed in the results section. 
 
Fig. 7-2. Image representative of glass frit. The image was of the BG2 sample, taken a 
few minutes after quenching in distilled water. This was then needed to be comminuted 
into particle sizes that can be processed prior to formulating an extrudable paste. 
 
7.2.2 Paste Preparation 
Paste preparation was a similar protocol to that used previously, except the inorganic 
components of the paste (i.e. glass and HA powders) were mixed before the addition of 
the binder. The mixing of the inorganic components was performed at 800 rpm, for five 
minutes. The final paste composition is summarised in Table 7-2.  
Table 7-2. Paste composition for all hybrid pastes. 
Component mass (g) Mass (%) 
HA 217 60.4 
Bioactive Glass 24 6.7 
Methocel® 18 5.0 
Distilled Water 100 27.9 
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7.2.3 Extrusion 
Extrusion was performed using the parameters detailed in section 4.2.  
 
7.2.4 Heat Treatment 
Drying was performed at ambient conditions for at least twenty-four hours. The de-
binding protocol was as follows: 
 Ramp to 200 °C at a rate of 1 °C/min, and dwell for one hour 
 Ramp to 300 °C at a rate of 1 °C/min, and dwell for one hour 
 Ramp to 400 °C at a rate of 1 °C/min, and dwell for three hours 
 Cooled to ambient temperature at a rate of 2 °C/min. 
Following de-binding, the HA-bioactive extrudates were subjected to the following 
sintering protocol: 
 Heat to 600 °C at a rate of 5 °C/min 
 Heat to 800 °C at a rate of 2 °C/min, and dwell for 1 hours 
 Heat to 1200 °C, at a rate of 5 °C/min, and dwell for 8 hours 
 Cool down to ambient temperature at a rate of 2.5 °C/min. 
Once sintered, the extrudates were sectioned until a 3 x 3 cell cubic scaffold was attained. 
Characterisation of the scaffolds ensued. 
 
7.3 Results 
Porous HA-bioactive glass hybrid scaffolds were successfully fashioned, with 10 wt% 
Bioglass®, canasite, and a calcium-rich Bioglass®, using ceramic honeycomb extrusion. 
Bioactive glasses were synthesised using the melt-derived approach, which yielded large 
quantities of glass, however, comminution thereof was required to provide particle sizes 
suitable for extrusion. Thus, before the glass can be mixed with HA and formulated into 
an extrudable paste, the glass frits were crushed and ground into particles sizes suitable 
for extrusion. 
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7.3.1 Comminution and Powder Properties 
Comminution is the technical term for reducing a material to fine powders [461]. The 
target was to achieve particle sizes of less than a nominal value of 100 µm, and with 
limited comminution in order to prevent contamination by the milling process. The effects 
of glass particle size were not of interest to the current study, nonetheless, the narrowest 
gap found in the die is 560 µm, and thus obtaining particles sizes below 100 µm will 
preclude clogging of the die during extrusion. All glass frits were crushed using an in-
house percussion mortar, and subsequently ground using a planetary mill (Pulveriser 6, 
Fritsch, Germany). Preliminary particle size analysis presented with varying results. As 
Fig. 7-3 and Fig. 7-4 illustrate, planetary milling was successful in attaining CAN particle 
sizes of less than a 100 µm, with the majority of particles exhibiting sizes of less than 50 
µm. In contrast, BG particle sizes greater than 100 µm were observed. Subjecting the 
glass to further bouts on the planetary mill had no effect on the particle size.  
 
 
Fig. 7-3. SEM (SE) micrographs of the as-sieved canasite powder taken at 
magnifications of (a) x5,000 and (b) x1,000. The micrographs revealed the effectiveness 
of planetary milling in reducing the particle size to below 100 µm. 
 
In order to reduce the particle sizes of the BG samples, attrition milling was utilised (Lab 
Attritor, Union Process, U.S.A). The milling media were in the micron range, in contrast 
to that of the planetary mill which had milling media with diameters in the millimetre 
10 µm 50 µm 
(a) (b) 
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range10. Initially, the samples were subjected to 45 minutes, and subsequently analysed 
using a particle size analyser. The analysis revealed that attrition milling was successful 
in attaining BG1 powders with particle sizes of less than 100 µm. 
 
 
Fig. 7-4. SEM (SE) micrographs typifying the as-sieved BG powder taken at 
magnifications of (a) x1,000 and (b) x500. After the initial planetary milling, the 
particles were still larger than the targeted 100 m. 
 
 The BG2 powder required a further 60 minutes on the attrition mill to achieve the 
targeted particle size; as Fig. 7-5 (a) illustrates, attrition milling the BG2 powder for 105 
minutes reduced the mode particle size from 101 to 15 µm. The final comminution step 
was to sieve the powders through a 53 µm mesh sieve. The final particle size distribution 
is presented in Fig. 7-5 (b). It was discovered that particle sizes above 53 µm were 
detected for all the samples. It is plausible that the analyser detected agglomerates. It is 
equally plausible that particles exhibiting a high aspect ratio (Fig. 7-3 & Fig. 7-4) passed 
through the sieve at facets smaller than the mesh size.  
Table 7-3 lists the d50 particle sizes, density and surface area of all three glass 
powders. BG2 possessed, statistically significant, a lower d50 and powder density, but a 
higher surface area, than BG1. The canasite powder exhibited the smallest powder density 
                                                 
10 At a certain point in comminution, smaller milling media sizes are needed. This is 
because particles can be trapped in voids in-between the milling media, and thus the 
particles will be inefficiently ground.   
50 µm 150 µm 
(a) (b) 
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and surface area, but the largest d50, which again was determined to be statistically 
different. 
 
 
Fig. 7-5. Particle size distribution of the glass powders. (a) illustrates the results of the 
BG2 powder after planetary milling, and both stages of attrition milling (AM), whereas 
(b) is the final particle size distribution of the different powders. The melt-derived 
approach of synthesising glass produced large particle sizes. The data demonstrates the 
effectiveness of the comminution protocol employed in reducing the particle sizes to 
below 100 µm, and thereby ensuring the prevention of particle-clogging of the die 
during extrusion. 
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Table 7-3. The physical properties of the glass powders used for the fabrication of hybrid 
scaffolds. The table presents the particle size (n = 5), powder density (n = 3) and BET 
surface area (n = 3) of the raw glass powders following comminution. 
Sample D50 (µm)a Powder densitya 
(g/cm3) 
BET Surfacea 
area (m2/g) 
BG1 13.56  0.30 2.75 ± 0.1 3.10  1.1 
BG2 8.83  0.19 2.73 ± 0.1 3.57  1.5 
CAN 15.9  0.22 2.63  0.2 2.25  1.0 
a a one-way ANOVA revealed the difference to be statistically insignificant between all 
powdered samples (P< 0.05). 
 
7.3.1.1 Chemical Properties of Bioactive Glass Powder 
Once the desired particle sizes were obtained, X-ray Fluorescence (XRF) was performed 
to inspect the starting raw powder for signs of possible contamination. Agate (SiO2) pots 
and milling media were purposefully selected to avoid contamination during planetary 
milling, however, this option of using milling materials with compounds already found 
in the raw glass was not available for attrition milling. The milling media used for attrition 
milling was yttria-stabilised zirconia, and as Table 7-4 demonstrates, neither yttrium nor 
zirconium was detected. However, both post-planetary and post-attrition milling XRF 
analyses detected the existence of aluminium in the powder, which is likely to have 
originated from the dissolution of the mullite crucible during glass melting, if not already 
present in the source chemicals. Thus, the comminution strategies utilised did not result 
in unwanted elemental contamination.  
X-ray diffraction (XRD) was performed on the raw glass powders to determine 
their chemical structure. If properly synthesised, the glass powders should be amorphous. 
Fig. 7-6 illustrates the XRD pattern of the glass samples after the comminution steps. All 
glass samples displayed a broad hump at a low two-theta angle. The pattern demonstrates 
that all bioactive glasses were completely amorphous with no diffraction peaks. This 
indicated that no crystallite was precipitated during the melting and quenching process, 
nor significant contamination had occurred that could initiate crystallisation. 
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Table 7-4. XRF elemental analysis of the BG2 before and after attrition milling. 
Element concentration Post-Planetary Milling 
(mass%) 
Post-Attrition Milling 
(mass%) 
Ca 65.4 68.1 
Si 23.0 21.2 
P 4.4 4.0 
Na 4.3 3.7 
Al 2.2 2.0 
 
 
 
Fig. 7-6. XRD pattern of the as-milled glass samples. The data confirms the 
amorphousness of all glass powders. 
 
 FTIR analysis was also performed on the glass powders, and the results are 
illustrated in Fig. 7-7. The BG samples displayed similar spectra, with silica peaks 
detected at 1035, 930, 745, 502 cm-1; and a phosphate peak at 605 cm-1. The BG spectra 
concurs with ref. [462-465] Silica peaks in the canasite were detected at 1040, 777 and 
470 cm-1, and a phosphate band between 606-575 cm-1. The canasite spectrum concurs 
with previous work [466]. Both XRD and FTIR demonstrated the successful synthesis of 
the desired glass powders, and corroborated with the XRF data that the powders exhibited 
no significant contamination as a result of comminution. 
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Fig. 7-7. FTIR spectra of BG1, BG2 and CAN. The data confirmed the raw glass were 
amorphous. 
 
7.3.1.2 Evolution of Crystallisation with Increasing Temperature 
Fig. 7-8 are XRD patterns illustrating the evolution of glass crystallisation at temperatures 
ranging from 600 to 900 °C for BG1 and BG2, and 700 to 1100 °C for CAN. These 
experiments were performed to determine whether the respective glasses would 
crystallise into their expected glass-ceramics, and if the synthesises stage affected their 
crystallisation kinetics. 
The BG1 sample remained amorphous at 600 °C, and traces of crystallisation at 
33.5 and 48.5° were first detected at 650 °C. The peaks pertained to a sodium calcium 
silicate phase (Na2Ca2Si3O9), which became more prominent at 700 °C. Additional peaks 
were observed at 800 °C at 32 and 47o (denoted by the letter P), which were identified as 
belonging to silicorhenanite (Na2Ca4(PO4)2SiO4). The BG2 sample displayed the same 
crystallisation phases, except crystallisation had occurred at a later temperature (Fig. 7-8 
(b))11. At 1000 °C, both BG samples reacted with the mullite crucibles, hence the data for 
BG was limited to 900 °C. The crystalline phases detected were in agreement with that 
                                                 
11 Although the data is not included, XRD analysis was initially performed on BG2 
powder heated at 650 and 655 °C, wherein no crystallisation was not observed. 
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of others [465, 467-469]. Thus, the substitution of 5 wt% CaO for 5 wt% Na2O did not 
result in changes to the crystalline phases of Bioglass®.  
 
 
Fig. 7-8. XRD pattern of (a) BG1 and (b) BG2 when heated at different temperatures. 
The figure demonstrates that BG2, with a higher calcium content, did not alter the 
crystallisation phases of Bioglass®; however, the phosphate phase (indicated by the 
orange asterisks) required higher temperatures for crystallisation thereof. 
 
 The crystallisation of canasite is portrayed in Fig. 7-9. Crystallisation of the 
powder was first detected at 700 °C, which became more prominent by 800 °C. These 
peaks pertained to canasite. At 900 °C frankamenite peaks were detected, which 
decreased in intensity when the powder was heated to 1000 °C. At 1100 °C, canasite 
peaks decreased, and the frankamenite peaks vanished. However, new peaks had 
emerged, and were assigned to xonotlite, and one to fluorapatite [470]. 
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Fig. 7-9. XRD pattern of the canasite powder when heated at different temperatures. 
The figure illustrates the evolution of canasite into typical glass-ceramic phases thereof 
(square – canasite; triangle – frankamenite; circle – xonotlite; star – fluoroapatite) 
 
7.3.1.3 Thermal Properties of the Raw Glass Powders 
7.3.1.3.1 Heating 
The thermal behaviour of the bioactive glass powder is central to defining a sintering 
profile for the hybrid extrudates. In addition, the XRD data in Fig. 7-8 revealed that BG2 
was more thermally stable than stoichiometric BG, and hence thermal analysis was 
needed to clarify whether the glass would melt at the appropriate temperatures. A 
simultaneous thermal analyser (STA) was employed to elucidate the thermal 
characteristics of the starting raw material. Fig. 7-10 delineates the DSC and TGA results, 
as red and green curves, respectively. The analysis was primarily performed to determine 
the melting temperature of the glasses, and hence suitable temperatures for achieving 
liquid phase sintering. Endothermic troughs indicative of melting for CAN, BG1 and BG2 
were observed at 1220, 1170 and 1195 °C, respectively. Therefore, and in keeping with 
the previous work, it was decided that the sintering temperatures for both BG samples 
were to be 1200, 1250 and 1300 °C. Since CAN melted after 1200 °C, it was determined 
that HA-CAN hybrids were to be sintered at 1250 and 1300 °C. All of the melting points 
were accompanied by a sharp and transient mass loss, which was equally followed by a 
sharp rise in mass; hence the glass samples gained mass after melting in the STA. The 
overall mass loss was less than 1.2% for both BG powders, and less than 2.5% for the 
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canasite powder. According to Jiang et al. (2017), this level of mass loss ensures stable 
glass components during liquid-phase sintering [471].  
 
 
 
Fig. 7-10. Thermographs depicting the DSC (red) and TGA (green) curves of CAN, 
BG1, BG2 and a hybrid HA- 10wt% BG1 powder. The numbers in parenthesis are used 
to demarcate the first Tg (1) and Tc (2), as well as the Tm (3) (endothermic down). It was 
revealed that BG2 possessed higher Tg, Tc and Tm compared to BG1. Furthermore, TGA 
data revealed that all samples exhibited a mass loss of less than 2.5%. 
 
The glass transition temperatures (Tg) and crystallisation temperature (Tc) were 
also revealed by the STA. In addition to exhibiting a higher melting point, the BG2 
powder presented with higher Tg and Tc temperatures, with respect to the BG1 powder, 
further highlighting the higher thermal stability of the former. All temperature 
characteristics are tabulated in Table 7-5. The thermal characteristics determined for BG 
[472-474] and CAN [475-477] are in agreement with others.  
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Table 7-5. The different temperature points (°C) of the glass samples. Tg1 and Tg2 are the 
glass transition temperatures, Tc and Tm are the crystallisation and melting temperatures 
of the glasses, respectively (n = 1).  
Sample Tg1 Tg2 Tc Tm 
BG1 54 787 618 1158 
BG2 570 752 646 1183 
CAN 570 775 667 1230 
 
 
STA analysis was also performed on HA mixed with 10 wt% BG1 (Fig. 7-10 (d)). 
As the curves illustrate, an endothermic trough was observed at 615 °C. The Tg, Tc and 
Tm temperatures of the glass were not observed to the same extent as that of the STA of 
pure raw glass powder. A bimodal mass loss was observed, with the overall loss of < 2%. 
 
7.3.1.3.2 Cooling 
The DSC and TGA data for the BG1, CAN and HA-BG1 powder during cooling are 
presented in Fig. 7-11. Upon cooling, BG1 displayed two exothermic peaks at 
approximately 815 °C and then approximately 615 °C (Fig. 7-11 (b)), which were not 
detected in the hybrid powder; however, a minute increase in mass of 1.36% was observed 
in the latter (Fig. 7-11 (c)). The canasite results were unremarkable (Fig. 7-11 (a)). The 
results infer that BG may crystallise during cooling but not in the presence of 
hydroxyapatite. The crystallisation events were not evinced in CAN, which could be due 
to the potassium oxide reducing the tendency of glass to crystallise, as mentioned in the 
introduction (7.1).  
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Fig. 7-11. Cooling DSC (red) and TGA (green) curves of (a) CAN, (b) BG1 and (c) HA-
BG1 (endothermic down). The results are used to illustrate that only Bioglass® 
powders crystallised upon cooling, however, this was not observed in the presence of 
HA (c).  
 
7.3.2 Paste Properties 
Fig. 7-12 portrays representative extrusion curves of the BG1 and CAN pastes 
formulated. A representative HA plot is included for comparison. The extrusion forces 
required for paste flow via the die were comparable to that of HA-only pastes. However, 
it was discovered that in the hybrid samples a relatively smaller pressure drop was 
observed, followed by a plateau until the end of the extrusion run, relative to the pure HA 
pastes. Data for BG2 pastes could not be included12, however, the extrusion force was 
19.68  3.56 kN; a one-way ANOVA revealed this to be statistically indifferent to BG1 
and CAN pastes, which were determined as 24.67  2.87 and 20.5  0.92 kN, respectively.  
 
                                                 
12 Data was lost. 
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Fig. 7-12. Representative extrusion plots of BG1, CAN and HA. The addition of glass 
particles resulted in a stable plateau following the pressure drop. This was in contrast 
to glass-free hydroxyapatite paste that presented with a decrease in force following the 
pressure drop. Furthermore, glass-containing pastes possessed a smaller pressure 
drop. A one-way ANOVA test revealed the peak extrusion force to be statistically 
invariable.  
 
7.3.3 Scaffold Properties 
HA scaffolds with 10 wt% glass were successfully extruded, and sintered at different 
temperatures. The first notable difference between the HA-bioactive glass and HA-only 
scaffolds was the colour of the scaffold. Previously, extrudates presented with a blue 
colour, whereas the hybrid extrudates were white (Error! Reference source not found.). 
Fig. 7-13 are various images representative of the fashioned BG2 scaffolds. For this 
study, the scaffolds were sintered at 1200, 1250 and 1300 °C. However, canasite samples 
sintered at 1250 °C cracked when removed from the furnace and handled; hence, only the 
complete data of the HA-CAN samples sintered at 1300 °C are presented. 
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Fig. 7-13. Images of BG2 scaffolds, taken using (a) an optical microscope, (b) SEM and 
(c) a digital camera. The images demonstrate the cell morphology. 
 
7.3.3.1 Chemical Structure of the Sintered Scaffolds. 
Chemical analyses were performed on crushed scaffold specimens to determine their 
chemical structure. Fig. 7-14 portrays XRD patterns of the BG samples sintered at 1200, 
1250 and 1300 °C. The scaffolds were revealed to comprise hydroxyapatite, β-TCP (β-
TCP), and calcium silicate (CaSiO3) phases, as denoted in Fig. 7-14. The peak at 23.9 °, 
which appeared to increase in intensity with increasing temperature, could not be 
identified.  
In the BG1 sample, the dominant peaks pertained to β-TCP, and continued to 
remain dominant until 1300 °C, albeit decreasing in intensity. This decrease was mirrored 
by increases to HA and CaSiO3 peaks. At 1300 °C the large peaks pertaining to β-TCP 
and HA at 31 and 31.7°, respectively, were almost comparable in intensity. The ratio of 
β-TCP to HA at said two-theta decreased from 1.33 at 1200 °C to 1.01 at 1300 °C, as 
enumerated in Table 7-6; which corresponded to a decrease of 24%. Furthermore, it was 
discovered that HA peaks above 40° became less defined with increasing temperature. 
 BG2 exhibited near-comparable β-TCP and HA peak intensities at 1200 °C, and 
as the sintering temperature was raised, the HA phases dominated (Fig. 7-14 (a)). The 
200 µm 500 µm 
5 mm 
(a) (b) 
(c) 
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peak intensity ratio of β-TCP and HA at 31 and 31.7°, respectively, are listed in Table 
7-6, where a decrease of 12% in ratio can be observed from 1200 to 1300 °C. 
In addition, BG2 exhibited relatively larger CaSiO3 phases, which also grew as 
the sintering temperature increased. HA peaks above 40° were again observed to lose 
their definition with increasing temperature. In both hybrids, the phases pertaining to 
crystalline Bioglass® (Fig. 7-8) were not observed, which is in accordance with previous 
work [290, 478, 479].  
 
Fig. 7-14. XRD pattern of the (a) BG1 and (b) BG2 scaffolds. The addition of 10 wt% 
glass resulted in the detection of hydroxyapatite, β-tricalcium phosphate and calcium 
silicate phases. The presence of Bioglass® glass-ceramic phases observed in Fig. 7-8 
were not observed (asterisks – calcium silicate peaks). 
 Fig. 7-15 depicts the XRD patterns of canasite scaffolds sintered at 1300 °C. The 
scaffolds also consisted of β-TCP, HA and calcium silicate phases. Although samples 
sintered at 1250 °C fractured upon handling, the XRD data was included for comparison, 
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wherein it was again observed that raising the sintering temperature resulted in decreases 
to β-TCP peaks; and was once more mirrored by increases to HA and CaSiO3 peaks, as 
presented in Table 7-6. The decrease of -TCP to HA ratio was by 27%, and the decrease 
of -TCP to calcium silicate ratio was by 48%. Crystalline phases of canasite (Fig. 7-9) 
were not detected. 
 
 
Fig. 7-15. XRD pattern of canasite scaffolds sintered at 1250 and 1300 °C. Again, the 
detection of hydroxyapatite, β-tricalcium phosphate, and calcium silicate phases were 
detected; and the presence of canasite glass-ceramic phases observed in Fig. 7-9 were 
not detected (asterisks – calcium silicate). 
Table 7-6. Peak intensity ratio of -TCP () taken at 31.0°, hydroxyapatite (HA) taken at 
31.7°, and calcium silicate (CS) taken at 30.2°. The table demonstrates the decrease in 
-TCP peak intensity in relation to the other two phases. 
 BG1 BG2 CAN 
 /HA /CS HA/CS /HA /CS HA/CS /HA /CS HA/CS 
1200 °C  1.33 2.03 1.55 0.95 1.48 1.55 - - - 
1250 °C 1.30 1.41 1.08 0.92 1.14 1.24 1.46 2.45 1.68 
1300 °C 1.01 1.13 1.11 0.84 0.84 1.19 1.07 1.28 1.19 
 
 FTIR analysis of the BG samples detected functional groups pertaining to β-TCP, 
HA and calcium silicate, and the results are portrayed in Fig. 7-16. Phosphate groups 
pertaining to β-TCP are believed to be the bands detected at 1120, 1080, 1043, 945, 604 
and 550 cm-1; whereas those pertaining to HA are believed to be the peaks detected at 
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1010, 980, 880, 590 and 565 cm-1; the hydroxyl group indicative of HA was detected at 
3570 cm-1 in samples sintered at 1200 and 1250 °C. The peaks were observed to decrease 
in intensity with increasing sintering temperature, which was a similar behaviour to that 
observed in previous chapters when the sintering temperature was raised.  
 
 
Fig. 7-16. FTIR spectra of BG1 and BG2 at various sintering temperatures. FTIR 
revealed the HA-BG samples to possess both HA and β-TCP functional groups. 
 
 Fig. 7-17 is the FTIR data obtained for HA-CAN samples sintered at 1250 and 
1300 °C. In contrast, the phosphate functional groups detected at 1120, 1081, 1040, 966, 
945, 604, 587 and 550 cm-1 were all ascribed to β-TCP. Only the 1250 °C sample 
presented with evidence of a hydroxyl group at 3530 cm-1, which was lower than that of 
pure HA, as well as that of the HA-BG hybrids. 
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Fig. 7-17. FTIR spectra of canasite sintered at two different temperatures. The analysis 
revealed the scaffold comprised both HA and -TCP. 
 
7.3.3.2 Physical and Mechanical Properties of Sintered Scaffolds 
The scaffold bulk porosity values are depicted in Fig. 7-18. The bulk porosity of BG1 
scaffolds at 1200 °C was 71.6  1.11 vol%, which decreased to 61.8  0.9 and then 59.6 
 1.0 vol% when the sintering temperature was raised to 1250 and 1300 °C, respectively.  
 
 
Fig. 7-18. Bulk porosity of the three different hybrid scaffolds determined by a helium-
pycnometer (n = 3; the error bars represent standard deviation; S* significantly 
different as determined by a one-way ANOVA test; S** significantly different as 
determined by an unpaired t-test; NS* data is not significant as determined by a one-
way ANOVA test). The data revealed that HA-BG1 possessed higher bulk porosities 
than HA-BG2 at identical sintering temperatures. Furthermore, increasing the sintering 
temperature decreased the bulk porosity. The HA-CAN scaffolds failed when sintered 
below 1300 °C, hence the single data provided. 
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Bulk porosity values for HA-BG2 scaffolds were significantly lower than their BG1 
equivalent, with values of 61.9  0.7, 57.1  1.3 and 55.0  0.6 vol% achieved for 
scaffolds sintered at 1200, 1250 and 1300 °C, respectively. The canasite scaffolds sintered 
at 1300 °C possessed a bulk porosity of 62.3  0.8 vol%, which was significantly higher 
than HA-BG1 and HA-BG2 scaffolds processed at the same temperature. 
Fig. 7-19 displays the corresponding maximum compressive strength values 
attained for the hybrid scaffolds when loaded parallel to the cell direction. The analysis 
revealed that HA-BG1 samples possessed compressive strengths of 9.8  1.7, 24.1  3.3 
and 30.3  3.9 MPa at 1200, 1250 and 1300 °C, respectively; which corresponded to an 
increase of 145% between 1200 and 1250 °C, and 26% between 1250 and 1300 °C. The 
strength of HA-BG2 samples were 16.7  1.1, 48.4  5.2 and 56.7  6.9 MPa, at identical 
sintering temperatures; which meant an increase of 189% between 1200 and 1250 °C, and 
17% between 1250 and 1300 °C. Sintering the canasite hybrid scaffold at 1300 °C 
resulted in a value of 11.4  3.1 MPa. Statistical analysis revealed that increasing the 
sintering temperature resulted in scaffolds possessing significantly higher compressive 
strengths. Moreover, the scaffolds formed using BG2 possessed statistically significantly 
higher strengths than BG1 at all temperature points.  
 
Fig. 7-19. The maximum compressive strength of the three hybrid scaffolds when 
loaded in the A-axis (n = >8; error bars are standard deviation; S* significantly 
different as determined by a one-way ANOVA test; S** significantly different as 
determined by an unpaired t-test). The data revealed HA-BG2 scaffolds to possess 
comparatively greater compressive strength than HA-BG1 at 1200, 1250 and 1300 °C. 
Furthermore, increasing the sintering temperature improved the compressive strength 
for both HA-BG scaffolds. The HA-CAN scaffolds failed when sintered below 1300 °C, 
hence the single data provided. 
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Optical microscopy was utilised to determine the macro-pore size and strut 
thickness achieved. HA-BG1 scaffolds had macro-pores and strut thicknesses ranging 
from 840-940 and 435-440 µm, respectively; BG2 had macro-pores and strut thicknesses 
of 750-830 and 400-425 µm, respectively; whereas the canasite scaffolds sintered at 1300 
°C exhibited macro-pores and strut thicknesses of approximately 880 and 450 µm, 
respectively.  
 
7.3.3.3 Microstructure 
The microstructure of fractured hybrid scaffolds was investigated. It was discovered that 
the scaffolds fractured at approximately the mid-point of the struts, as depicted in Fig. 
7-20, which was similar to that of pure HA scaffolds. Mix-mode fracturing was observed 
in all hybrid scaffolds. 
 
Fig. 7-20. SEM (secondary electron mode) micrograph depicting the fracture of a BG2 
sample sintered at 1200 oC (a) and a canasite scaffold (b). The micrographs illustrate 
that the scaffolds were once more found to fracture at the midpoint when loaded in the 
A-axis during a compression test. 
 
 Higher magnification images of the fracture surface were taken, and the results 
are displayed in Fig. 7-21 and Fig. 7-22. When sintered at 1200 and 1250 °C, both BG 
samples presented with small sintering necks (Fig. 7-21), which became noticeably 
thicker when scaffolds were processed at 1300 °C (Fig. 7-22 (a & b)). This behaviour 
was matched by a decrease to the level of micro-porosity in said samples, which is 
indicative of higher densification. Previous studies have also found the densification of 
hybrid scaffolds improved with increasing sintering temperature findings [455, 457, 479]. 
 
500 µm 500 µm 
(a) (b) 
1 
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Fig. 7-21. SEM (Secondary electron mode) micrographs depicting the fracture surface 
of BG1 (a & c) and BG2 (b & d) at 1200 (top images) and 1250 °C (bottom images). 
(Images were taken at x10,000 magnification). The micrographs illustrate that BG1 and 
BG2 possessed a porous microstructure. 
 
 The canasite scaffolds sintered at 1300 °C presented with thinner sintering necks 
(Fig. 7-22 (c)), in comparison to the BG1 and BG2 scaffolds sintered at the same 
temperature; and accordingly, the level of micro-porosity was greater. A micrograph of a 
calcined HA microstructure sintered at 1250 °C is provided to highlight the difference in 
sintering progression (Fig. 7-22 (d)). It can be observed that the hybrid scaffolds were 
less dense than the pure HA scaffolds, albeit the former were sintered at a higher 
temperature. Relative to pure HA (Fig. 7-22 (d)), the HA-CAN samples (Fig. 7-22 (c)) 
displayed a less angular morphology. 
5 µm 
(a) 
5 µm 
(b) 
5 µm 
(d) 
5 µm 
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Fig. 7-22. SEM (secondary electron mode) micrographs depicting the fracture surface 
of BG1 (a), BG2 (b), CAN (c) sintered at 1300 °C. The figure also includes the fracture 
surface of HA sintered at 1250 °C (d) for comparison. (Images were taken at x10,000 
magnification). Compared to the HA sample, BG1, BG2 and CAN were less dense, 
albeit sintered at a higher temperature. 
 
 Site 2 in Fig. 7-20 was examined using SEM in an attempt to characterise the 
morphology of the grains. However, the grain morphology could not be examined, as Fig. 
7-23, Fig. 7-24 and Fig. 7-25 can attest to, the glass had melted and enveloped the HA 
grains, thereby impeding the observation thereof. Furthermore, micro-porosity was 
observed in all samples analysed, and, in the case of the BG samples (Fig. 7-23 and Fig. 
7-24), increasing the sintering temperature led to a noticeable reduction in micro-porosity. 
The micro-pore morphology was mixed, with circular, angular and elliptical micro-pores 
observed. Micro-cracks on the amorphous phase were observed in these regions, which 
were not observed in previous HA scaffolds (AR-HA/S, C-HA/S and Y-HA/S).  
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Fig. 7-23. SEM (secondary electron mode) micrographs depicting the microstructure at 
Site 2 of BG1 at 1200 (a & b), 1250 (c & d) and 1300 °C (e & f). The micrographs 
demonstrate the porous microstructure of BG1 at all three sintering temperatures, 
wherein the porosity was observed to decrease with increasing sintering temperature. 
Furthermore, the glass had melted and impeded the observation of the HA grain 
morphology; for example, compared to Fig. 6-23, clear delineation of the grain 
boundaries could not be observed. 
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Fig. 7-24. SEM (secondary electron mode) micrographs depicting the microstructure at 
Site 2 of BG2 at 1200 (a & b), 1250 (c & d) and 1300 °C (e & f). The micrographs 
demonstrate that BG2 possessed a porous microstructure at all three sintering 
temperatures. Furthermore, the complete grain morphology of HA, as seen in Fig. 6-23, 
could not be observed due to the melting of the glass impeding its observation. 
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 The microstructure of the CAN samples sintered at 1300 °C was akin to the BG 
samples sintered at 1200 °C, as demonstrated in Fig. 7-25. The variant micro-pore 
morphology was again observed, as well as mix-mode fracturing. In comparison to pure 
HA, the grain morphology of HA-CAN were notably more rounded, and hence the 
microstructure appeared comparatively smoother. The softening of calcium phosphate 
grains in the presence of Bioglass® has been previously attributed to sodium originating 
from the latter [290].  
 
 
Fig. 7-25. SEM (secondary electron mode) micrographs of the canasite microstructure 
taken at Site 2. The incorporation of 10 wt% canasite glass to HA resulted in a 
microstructure that was considerably more porous than that of pure HA, despite being 
sintered at the higher temperature of 1300 °C. Furthermore, the hydroxyapatite grains 
appeared to soften in the presence of canasite. 
 
7.4 Discussion 
The main aims of the investigation were to improve both the biological and mechanical 
strength of the HA scaffolds by incorporating 10 wt% glass. This was carried-out by using 
Bioglass®, the most widely researched and commercially used bioactive glass; and 
canasite, a glass with improved biological properties. In addition, a modified Bioglass® 
was used, whereby 5 wt% Na2O was substituted by 5 wt% CaO, and thus yielding a 
calcium-excess variant. It was hypothesised that compositing with a calcium-excess 
Bioglass® would produce hybrid scaffolds with greater compressive strength compared 
to compositing with stoichiometric-Bioglass®. The extra calcium concentration in the 
Low mag High mag 
50 µm 
(a) 
5 µm 
(b) 
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system would minimise the commonly reported phase transformation of HA to β-TCP 
during sintering. The effects of Ca2+-excess BG will be discussed below. 
 
7.4.1 The Effect of Glass on Paste Properties 
A relatively stable extrusion profile was observed with the HA-bioactive glass pastes 
compared to pastes formed using the as-received HA (Chapter 5) and the calcined HA 
(Chapter 6). In pure HA scaffolds, an initial rise in extrusion force was observed, 
followed by a decrease in force, which corresponds to a decrease in paste viscosity. As 
detailed in Chapter 4, the viscosity of all shear-thinning pastes continues until the stable 
infinite shear region is reached (4.1.2.1). This was not observed in the HA-bioactive glass 
samples, as Fig. 7-26 demonstrates. In this study, sodium ions may have leached from 
the glass to the water [290], causing an increase to the local pH; consequently reducing 
the viscosity of the paste [480, 481] and thus accelerating the rheological stability thereof. 
Alternatively, the increase in mean particle size may have elicited the stable flow. An 
increase in particle size may have facilitated binder coverage, which explains why, 
despite the increase in particle size, HA-BG pastes resulted in the lowest extrusion 
pressure generated and a stable flow thereafter.  
 
 
Fig. 7-26. Extrusion plot of as-received HA, calcined HA and HA-BG1 hybrid pastes. 
The hybrid pastes were found to lack a decrease in force following the pressure drop, as 
previously seen in glass-free hydroxyapatite pastes, thereby resulting in a relatively 
stable plateau following the pressure drop. In addition, the hybrid pastes were found to 
possess the smallest pressure drop. 
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7.4.2 The Effects of Bioactive Glass on Honeycomb Extruded 
Scaffolds 
The incorporation of 10 wt% bioactive glass reduced the compressive strengths of 
hydroxyapatite scaffolds fabricated by honeycomb extrusion. Analysing the hybrid 
scaffolds revealed probable causes to said decrease.  
7.4.2.1 Glass-induced Phase Transformation  
The salient effect of incorporating 10 wt% glass was the phase transformation of HA into 
β-TCP. As mentioned, bioactive glass-induced phase transformation of HA into β-TCP 
is well documented [479, 482-486]. Indeed, at high enough temperatures, thermally-
induced phase transformation can also occur without the presence of glass, as reported in 
Chapter 5. However, the hydroxyapatite used in this study was the same as the C-HA 
used in Chapter 6. This particular starting material exhibited enhanced thermal stability, 
whereby sintering at 1250 °C produced no evidence of phase transformation, according 
to the XRD and FTIR results. Therefore, it was deduced that the inclusion of glass was 
conducive to the phase transformation of HA. Generally, once HA has started to 
decompose, increasing the sintering temperature further produces more decomposed 
products, which was not observed in this study. On the contrary, increasing the sintering 
temperature reduced the intensity of the β-TCP phase, and thus added further credence to 
the notion that the phase transformation was glass-induced.  
The bioactive glass-induced phase transformation can be ascribed to the 
imbalance in calcium concentration between HA and the glasses, thereby establishing a 
calcium concentration gradient. Calcium, in the form of calcium oxide, diffused from the 
hydroxyapatite and along the concentration gradient and into the glassy phase, which 
were relatively deficient in calcium. The following reaction was proposed to have taken 
place: 
Ca10(PO4)6(OH)2 ⟶ 3Ca3(PO4)2 + CaO + H2O 
The calcium oxide could have further reacted with the phosphate and silica group from 
the glass to yield additional tricalcium phosphate and calcium silicate, respectively: 
4CaO + (45SiO2∙24.5CaO∙24.5Na2O∙6P2O5) ⟶ Ca3(PO4)2 +CaSiO3 
+ (44SiO2∙24.5CaO∙24.5Na2O∙5P2O5) 
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This reaction also explains why the hybrid containing BG2 exhibited less of a phase 
transformation. BG2, with a higher calcium concentration than BG1, alleviated the 
imbalance and hence reduced the driving force for Ca2+ to migrate from the HA. 
Therefore, it can be concluded that increasing the calcium quantity in a glass will reduce 
the level of phase transformation in HA-glass hybrids. 
A concentration gradient for sodium and silicon may have also been established. 
Both ions are known to substitute for calcium and phosphate, respectively, and indeed 
HA peak shifts with respect to pure HA were observed. This can also explain why 
crystallisation of the bioactive glass did not occur, despite using a relatively slow cooling 
rate of 2.5 °C/min. As discovered in Fig. 7-11, BG does not crystallise in the presence of 
HA during cooling, which may be due to the glass losing the aforementioned ions, and 
thus unable to form a crystalline structure. From biological perspective, amorphous 
phases are favoured as they exhibit a higher bioactivity [487]. Further work is needed to 
confirm this hypothesis, particularly in-depth XRD analyses to confirm the exact 
substitution mechanisms that may have occurred herein.  
 Decreasing β-TCP phase with increasing sintering temperature has been 
previously reported, although an explanation for this effect has not been postulated. One 
possible explanation is that with increasing temperature the interfacial area over which 
the calcium ions can migrate decreases, thereby reducing the driving force for calcium 
diffusion. The minor calcium silicate phase was also observed to increase in intensity 
with increasing sintering temperature. Similarly, increasing the sintering temperature may 
have reduced the viscosity of the glass melt, which may have wetted more of the HA 
grains, thereby increasing the interfacial surface for Si to diffuse out of the glass. 
Therefore, factors that govern the surface area of the HA, and viscosity of the glass, may 
affect bioactive glass-induced phase transformation. 
 
7.4.2.2 The Effect of Glass on Hydroxyapatite Microstructure 
The microstructure revealed that the addition of 10 wt% bioactive glass perturbed the 
densification of the HA structure. The hindrance in HA densification observed in the 
present study as a result of bioactive glass incorporation has been previously disclosed 
[459, 482, 488]. Perusing the literature for studies into the fabrication of calcium 
phosphate or calcium silicate composited with bioactive glass has revealed that all but 
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one of the studies reported either a decrease or an insignificant change to the densification 
when compared to the respective glass-free scaffolds (Table 7-7). Hence, with regards to 
mechanical properties, most did not benefit from liquid-phase sintering. As a 
consequence of the suppressed densification, the current study demonstrated that the 
sintering necks were underdeveloped, and thus the microstructure was markedly more 
porous than that of pure HA. Improvements to the densification were achieved by 
increasing the sintering temperature.  
Due to the complexity of the hybrid mixture, it is difficult to ascertain what caused 
the suppression in densification without additional analysis, namely transmission electron 
microscopy. Indeed, the presence of TCP may have contributed to the retardation of 
densification. Another plausible contributor is presence of silicon, which in the presence 
of calcium phosphates has been demonstrated to raise the densification temperature [275, 
489]. Dilatometry analysis revealed that the addition of 25 wt% of silicon suppressed the 
densification of calcium phosphate [490]. Other work investigating HA-calcium silicate 
systems demonstrated a decrease in linear shrinkage when the CS phase increased [377].  
Alternatively, ion migration from and to the hydroxyapatite grains may have 
altered the local defect chemistry of the HA making it Ca2+-deficient, and thereby 
suppressing the densification thereof. Santos et al. (1994) investigated both Bioglass® 
and CaO-P2O5 binary glass systems [479]. The authors reported an increase in tricalcium 
phosphate phase with the incorporation of Biolgass®, but not with the binary glass; thus 
they concluded that the presence of Na+ in the former accelerated HA decomposition, and 
thereby hindered densification. This is in agreement with the present study, whereby a 
decrease in sodium content increased densification. It can be reasoned that reducing either 
Si and/or Na+ in bioactive glasses, or using sodium-free binary glasses, will enhance 
densification of HA-bioactive glass hybrids. However, Bellucci et al. (2013) compared 
the 40 wt% addition of both CaO-rich and stoichiometric Bioglass®, and reported the 
latter, which possessed a markedly higher Na content, resulted in a greater densification 
when sintered at 1150 °C [491]. Hence, the effects of Na+ may differ depending on the 
ratio of HA to Bioglass®, and the processing parameters used.  
Reducing the proportion of bioactive glass in the hybrid system is one approach 
of attenuating the effects of silicon- or sodium-induced decomposition. Tancred et al. 
(2001) reported a decrease in densification with the incorporation of Bioglass®, from as 
little as 2.5 wt% addition, to 50 wt%. The authors reported the decrease in densification 
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was exacerbated with increasing Bioglass® content [492]. The inclusion of both Na and 
Si are required for achieving desirable biological properties, hence, this must be factored 
if both elements are to be minimised.  
 
7.4.2.3 The Resultant Compressive Strength and Comparison to Other 
Studies 
HA-bioactive glass scaffolds had a lower compressive strength than HA-only scaffolds 
due to the aforementioned effects of glass on HA: (1) the presence of β-TCP, which is 
mechanically weaker than HA; and (2) a notable decrease in densification with smaller 
sintering necks. Similar findings were observed by Lee et al. (2006), whereby the addition 
of 30-35 wt% Bioglass® reduced the mechanical properties by up to 25% [488]. The 
increase in mechanical properties with increasing sintering temperature has also been 
reported [478, 479]. This was achieved herein without further decomposition of HA into 
α-tricalcium phosphate (α-TCP), which is in disagreement to previous work [485, 492]; 
both studies used finer particle sizes which may have accelerated the decomposition 
process. The same studies observed a decrease in mechanical properties with the 
introduction of α-TCP.  
The hybrid scaffold synthesised with the calcium-excess BG exhibited higher 
mechanical properties, which was ascribed to a decrease in β-TCP phase, but also an 
increase in calcium silicate phase, which has been previously demonstrated to enhance 
the compressive strengths of HA-CS composites as the proportion of CS in the admixture 
was increased [493]. Therefore, the research herein has demonstrated that an increase of 
5 wt% calcium oxide content of the raw Bioglass® powder was sufficient enough to 
impact the compressive strength of the HA scaffold. Desogus et al. (2015) [494] 
investigated CaO-rich versus stoichiometric Bioglass® using spark plasma sintering for 
dense HA. In addition to demonstrating that the former exhibited delayed devitrification, 
they revealed the CaO-rich Bioglass® displayed higher Vickers hardness values, and a 
generally higher elastic modulus; and were able to descry a higher-level densification 
attained by the CaO-rich BG. 
The HA-CAN scaffolds sintered at 1300 °C possessed the weakest compressive strength. 
The micrograph images portrayed an equally low densification rate had transpired; the 
microstructure of CAN at 1300 °C was comparable to that of the BG samples at 1200 °C. 
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Table 7-7. Examples of calcium phosphate-bioactive glass hybrids, and their respective bioactive glass composition, sintering temperature, dwell 
time, decomposition products and final density relative to pure calcium phosphate. (HA- hydroxyapatite; BG-Bioglass®; TCP- tricalcium 
phosphate; CaSiO – calcium silicate; Si-HA – silicon substituted hydroxyapatite).  
Study Starting Hybrid Glass 
mass% 
Sintering (°C) Dwell 
time 
(h) 
Products Density relative to 
pure CaP 
Present study HA/BG 10 1200-1300 8 HA, -TCP, CaSiO3 Decreased 
Present study HA/Canasite 10 1300 8 HA, -TCP, CaSiO3 Decreased 
Santos [479] HA/BG 5 1200-1300 1 -TCP,-TCP, Si-HA Decreased 
Bellucci [491] HA/BG_Ca 40 1150 3 HA Decreased 
Lopes [290] TCP/BG 7.5 1200 2 -TCP,-TCP No change 
Goller [495] HA/BG 10 1200 & 1300 4 Si-HA, Ca2P2O7, 
Na2HPO4 
N/A 
Yazdanpanah[
455] 
HA/Sodalime glass 5 800-1200 2 HA Decreased 
Lin [456] CaSiO/BG 5 1100 3 CaSiO Increased 
Knowles [457] HA/Na2-CaO-P2O5 2 1200-1350 1 HA No Change 
 HA/Na2-CaO-P2O5 4 1200-1350 1 -TCP,-TCP, HA Decreased 
Tancred [458] HA/Phosphate glass 10 1150-1350 3 -TCP,-TCP, HA Decreased 
Tancred [492] HA/BG 2.5-50 1050-1200 3 -TCP, HA Decreased 
Demirkiran 
[482] 
HA/BG 10 1200 4 Si-HA,-TCP Decreased 
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Therefore, it can be inferred that the failure of the extrudates sintered at 1250 °C was due 
to insufficient densification of the hybrid material. This may be due to canasite’s higher 
thermal stability, which will require more energy for densification (Fig. 7-10). Moreover, 
previous research has determined that bioactive glasses containinga higher number of 
oxides reduced the binding effects thereof [459, 479]. Hence, as canasite contains an 
additional two compounds (K2O and CaF2) in comparison to the Bioglass®, the same 
may have been true in the present study. 
Most of the glassy phase sintering work has concentrated on dense ceramics. A few 
have investigated the reinforcement in porous bioceramic scaffolds. To the author’s best 
knowledge, the present study is the first to report the compressive strength of porous-
controlled HA-Bioglass®, and certainly HA-canasite scaffold. The compressive data 
reported is comparable to that of dense HA-BG hybrids [455, 496]. Previous work has 
also sought to combine HA with phosphate-based glass, and the compressive strength and 
porosity thereof are comparable to that obtained herein [497, 498]. Similarly, BG has 
been combined with other bioceramics, such as β-TCP and calcium sulphate, which have 
attained compressive strengths below that obtained in this study [290, 499, 500]. By far 
the most promising work was by Lin et al. (2009), wherein 10 wt% BG was added to 
calcium silicate resulted in compressive strengths comparable to that of bone [456]. 
Calcium silicate is a biodegradable bioceramics capable of inducing bone regeneration in 
vivo [501]. The aforementioned study fabricated the hybrid scaffold using traditional 
routes of fabricating porous scaffolds whereby a stochastic porous architecture was 
generated. Thus, the fabrication of CS-BG using ceramic extrusion may yield a 
biodegradable scaffold with an unprecedented level of mechanical strength.  
 Comparing the mechanical properties to the commercially available hybrid BGS 
Bonelike®, the results are again an improvement. Bonelike®, which has been stated as a 
promising material with enhanced bioactivity compared to HA-only material [149, 502], 
and is suitable for direct clinical use, consists of HA with 4 wt% bioactive glass. Though 
the porosity values are comparable to that of the samples examined in the present study, 
the compressive strengths and macro-pore sizes are, respectively, 2 MPa and 100 µm 
[498]. Hence, the hybrid scaffolds fabricated herein, comprised of a higher glass content, 
remarkably greater compressive strength and larger pore sizes, would be more desirable 
for BGS.  
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7.5 Summary of Chapter 
In this chapter, the fabrication of three different hybrid scaffolds, comprising 
hydroxyapatite with three different bioactive glasses, was investigated. The addition of 
10 wt% stoichiometric Bioglass®, a calcium-excess Bioglass® and canasite were added 
to HA and sintered at temperatures conducive of liquid phase sintering (LPS). However, 
the benefit of LPS with respect to compressive strength was not observed. The scaffolds 
presented with an unexpected phase transformation of the HA, which was induced by the 
glasses. Preliminary investigations demonstrated that the glass crystallises into their 
respective glass-ceramics, with thermal analyses of BG samples inferring that 
crystallisation thereof can occur during cooling. However, a chemical reaction between 
HA and glass transpired that prevented the latter from crystallising. Instead, the sintered 
scaffolds consisted of HA, β-TCP, CaSiO3 and a glassy phase. The compressive strength 
determined were 9.8-30.3, 16.7-56.7 and 11.4 MPa for HA-BG1, HA-BG2 and HA-CAN 
scaffolds, respectively. Furthermore, the results revealed that Bioglass® comprising a 
higher amount of calcium improved the densification of the system and hence resulted in 
an increase in mechanical properties. Thus, it was concluded that the composition of glass 
is a determinant of the hybrid scaffold’s mechanical properties, albeit forming 10 wt% of 
the system. The composition can be modified to yield different ratios of HA and β-TCP, 
as well as to yield varying compressive strengths.   
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Chapter 8: Conclusion 
The rationale behind the objectives pursued for this project was primarily to yield 
honeycomb extruded scaffolds with compressive strengths comparable to cortical bone. 
The honeycomb extrusion process was modified with regards to particle morphology and 
composited with different materials to produce novel scaffolds with remarkable 
properties for BGS. Scaffolds with macro-pore sizes exceeding the requirements were 
fashioned. The porosity volume exceeded that of cortical bone, with the compressive 
strength comparable thereto. The thesis demonstrated that the mechanical properties of 
HA scaffolds were governed by many factors, and hence a thorough control over all 
aspects of the fabrication process was needed, from synthesising the raw powders to the 
sintering stage. 
 
General Observation on the Effects of Powder Morphology & Purity 
The study has established that the raw powder properties can be modified to yield high-
strength scaffolds. The thesis revealed that powders comprising of nano-sized primary 
particles resulted in poorly lubricated ceramic powder, and consequently resulted in a 
lower solid loading with a high extrusion force needed. Through calcination, it was 
demonstrated that this relatively simple approach resulted in HA powders that were easier 
to lubricate and hence a higher solids loading was attained, as well as a reducing the 
extrusion force needed. The solid loading mass was found to increase by 17.7%, whilst 
the extrusion force was reduced to approximately 23 kN, from approximately 44 kN.  
Further, the calcined powders were found to result in wider strut thickness, which 
partly explained why significantly higher compressive strengths were obtained, as more 
load was sustained with thicker struts. The strut thickness increased from 350 m to 425 
m, an increase of 21.4%. Less shrinkage also resulted in a higher bulk porosity, which 
increased from 40 to 45 vol% when the powders were calcined. The main advantages 
determined by pre-calcination were: (a) attaining a higher solid loading; and (b) an 
increase in surface area. In addition, the pre-calcined scaffolds exhibited finer grains, and 
considerably fewer secondary structures that also contributed to the enhanced 
compressive strength by mitigating crack propagation. The grain sizes reduced from 2.4 
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to 1.7 m at 1200 oC, and from 5.9 to 3.2 m at 1250 oC. These correspond to a decrease 
of by 29% and 46%, respectively.  
In addition, the present work demonstrated that honeycomb-extruded scaffolds 
exhibited anisotropic mechanical properties; whereby a greater stress can be sustained by 
applying the load parallel to the cell direction, rather than perpendicular to the cell 
direction. This was attributed to the fracture mechanism, wherein the latter exhibited 
flexural stress, which ceramics are known to be weaker in compared to compression. 
Nonetheless, a compressive strength of 32.3 MPa is greater than scaffolds fabricated 
through traditional techniques. 
 
Composite Scaffolds 
Original work was conducted to increase the mechanical properties through compositing 
HA with other materials. Although, the addition of either 10 wt% yttria or bioactive glass 
did not affect the extrusion process, as evidenced by comparable extrusion behaviour to 
pure HA, the incorporation of yttria was found to enhance the compressive strengths of 
HA, from 105.9 to 127.3 MPa, an increase of 20%; whereas the latter reduced the strength 
from 105.9 MPa to the best achieved 56.7 MPa, a decrease of 46%. Yttria was found to 
mitigate HA decomposition into its weaker β-tricalcium phosphate counterpart, whereas 
compositing with bioactive glass induced the phase transformation thereto. The glass-
induced phase transformation was lessened when glass was synthesised with a higher 
calcium oxide content, and consequently increased the compressive strength; thereby 
adding further credence to mitigating transformation of HA into its mechanically weaker 
phases. However, HA-bioactive glass composites possessed larger macro-pore sizes, 
increasing from 750 m in glass-free HA scaffolds to a maximum of 940 m; and greater 
bulk porosity, from a maximum of 52 vol% in glass-free HA scaffolds to 71.6 vol%. The 
work demonstrated that honeycomb extrusion is a feasible method for fabricating 
composite scaffolds, which can be used to tailor the strength and porosity. 
The presence of -TCP phase and densification were key determinants to 
improving the mechanical properties of honeycomb-extruded scaffolds. In all cases, 
including compositing with bioactive glass, increasing the sintering temperature, thereby 
improving the level of densification, resulted in an increase in compressive strength. This 
was because the sintering necks that formed between adjacent particles grew in thickness, 
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and thus were able to sustain a greater load. However, the presence of -TCP phases may 
have perturbed grain interfacial bonding, and hence, HA scaffolds exhibiting phases 
thereof had the weakest compressive values. 
For HA-glass composites, densification was also believed to be the reason why 
sintering at higher temperatures resulted in less HA phase transformation: an increase in 
densification decreased the interfacial area between HA and glass, thereby mitigating the 
rate of calcium oxide migration from the former to the latter. Additionally, yttria was 
found to be an ideal oxide for compositing, as grain bonding was achieved between the 
two phases, whilst yttria grain size were maintained in the nano region. As previously 
stated, finer grains contribute to enhanced mechanical properties.  
Honeycomb extrusion is verily a promising technique for fabricating HA 
scaffolds. It requires low running and capital costs, it can attain structured and 
interconnected porosity, and high strengths can be achieved. Furthermore, unlike other 
techniques such as co-extrusion and freeze-casting, which can achieve a porous structure 
with high compressive strength but require understanding the solvent crystallisation 
kinetics for imparting porosity, honeycomb extrusion does not require such high-skilled 
knowledge. For example, if the pore sizes or pore shape need to be altered, this can be 
achieved easily by changing the die, whereas for freeze casting and co-extrusion crystal 
freezing dynamics will need to be investigated. Moreover, honeycomb extrusion is 
suitable for compositing of HA to other materials, including glass. In addition, the 
abovementioned advantageous extend the applications of honeycomb extrusion to other 
biomedical engineering fields, such as drug delivery devices. Scaffolds fabricated by this 
process yielded strengths that are remarkably greater than the commercially available 
Endobon® and Bonelike® (2 MPa), hence demonstrating the necessity for honeycomb 
extruded-scaffolds therewithal the shortcomings of contemporary fabrication techniques 
(e.g. freeze-casting and robocasting). 
 
Limitations and Future Work 
A chief limitation of honeycomb extrusion is the lack of complete interconnected 
porosity. In the present study, only unidirectional interconnected pores were formed. 
Thus, a means of controlling both longitudinal and lateral interconnected porosity will 
need to be sought, as this will enhance the osseointegration of scaffolds. Furthermore, 
 235 
 
although extrusion is ideal if a fixed cross-sectional geometry is needed, bone defects 
typically require complex geometries. For this reason, there is a shift in perspective in 
biomedical engineering from off-the-shelf products to products that are personalised to 
the individual’s needs, thereby improving the efficacy of the treatment. Consideration 
must be given to obtaining complex geometries if honeycomb extrusion is to fabricate 
potent bone graft substitutes. 
Honeycomb extrusion was found to be a versatile technique, accommodating 
binders with different rheological characteristics, as well as raw ceramic powders with 
different particle morphology. Such versatility opens the opportunities to explore multiple 
research avenues in the search for achieving high strength. Building on the present study, 
future work will need to optimise the HA-bioactive glass composite to augment the 
mechanical properties. Factors to investigate include HA-glass ratio, glass composition 
and sintering conditions. The ideal composition will result in high strength, without 
sacrifice to bioactivity. 
Factors not considered in the present study were the effect of macro-pore size and 
shape (e.g. hexagonal pores) on scaffold mechanical properties. Previous work has shown 
that hexagonal pores increased the compressive strength by 29% from rectangular pores 
(1), which could easily be implemented herein as a means of improving mechanical 
properties.  
The inclusion of dispersants and lubricants were not investigated for paste 
formulation, which can provide an alternative route to minimising agglomeration of nano 
primary particles. Optimisation of paste formulation with said additives can improve the 
efficiency of extrusions, as well as subsequent processes. Furthermore, the work has 
started to identify suitable rheological characteristics suitable for honeycomb extrusion, 
and a more thorough rheological investigation is needed to establish the ideal rheological 
properties. Rheology can be a powerful tool for predicting extrudate quality without 
costly empirical experiments. Ultimately, further rheological research into the parameters 
that effect honeycomb extrusion, such as the effect of particle morphology on viscosity 
and shear modulus, will be beneficial, as the knowledge can be translated to other 
extrusion-based techniques, such as the state of the art robocasting. 
Biological assessments of the synthetic bone scaffolds will need to be performed 
to determine their suitability. As mentioned in Chapter 2, bone possesses both organic 
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and inorganic matter, and has a vascular system to supply oxygen and nutrients to the 
cells involved in the healing process. Hence, biological tests will need to demonstrate the 
potential of a synthetic scaffold to generate new inorganic and organic phases, as well as 
forming new blood vessels. An in vitro cell viability will be needed to confirm whether 
the final products’ biocompatibility and their potential for cell proliferation. The test will 
be performed ideally using human-derived bone cells, and also mesenchymal stem cells 
(MSC): to determine the effect of the scaffold on MSC differentiation into bone cells by 
staining for osteogenic differentiation markers, such as alkaline phosphates activtiy. 
Further tests that can be performed in vitro include immunofluorescence staining for 
calcium (using Alizarin Red S Stain Assay) to observe calcium deposition; and collagen 
(sirus red stain assay) to observe production thereof. If the results are promising, then in 
vivo tests can be performed thereafter; where histological tests can be performed on 
explants to quantify bone formation and the healing process, using histomorphometric 
analyses. In addition, immunofluorescence staining of endothelial cell markers, such as 
CD31, can be performed to determine the effect of scaffold on neovascularisation.  
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